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NN Metallic Nanowires

Nucleation-Controlled Distributed Plasticity in
Penta-twinned Silver Nanowires

Tobin Filleter, Seunghwa Ryu, Keonwook Kang, Jie Yin, Rodrigo A. Bernal,
Kwonnam Sohn, Shuyou Li, Jiaxing Huang, Wei Cai, and Horacio D. Espinosa*

A unique size-dependent strain hardening mechanism, that achieves both high strength
and ductility, is demonstrated for penta-twinned Ag nanowires (NWs) through a
combined experimental-computational approach. Thin Ag NWs are found to deform
via the surface nucleation of stacking fault decahedrons (SFDs) in multiple plastic
zones distributed along the NW. Twin boundaries lead to the formation of SFD chains
that locally harden the NW and promote subsequent nucleation of SFDs at other
locations. Due to surface undulations, chain reactions of SFD arrays are activated at
stress concentrations and terminated as local stress decreases, revealing insensitivity
to defects imparted by the twin structures. Thick NWs exhibit lower flow stress and
number of distributed plastic zones due to the onset of necking accompanied by more

complex dislocation structures.

1. Introduction

Plasticity in thin films and micro-pillars shows increasing
flow stress as the characteristic dimension decreases from
10 micrometers down to 100 nm.[Yl This behavior has been
attributed to dislocation motion/multiplication mechanisms,
primarily through the so-called “source shut-down” mecha-
nism.[>* Studies of metallic nano-pillars, with character-
istic dimensions of a few hundred nms, have demonstrated
size-effects in flow stress and strain hardening attributed to
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“dislocation starvation” after which dislocation nucleation is
required to accommodate further plasticity.>7”! By contrast,
face-centered cubic (FCC) metal nanowires (NWs), whose
diameters are below 100 nm, are dislocation free prior to
deformation. Under this condition, dislocation nucleation
becomes the controlling plastic deformation mechanism.[*]
Although there have been many molecular dynamics simu-
lations on the plastic deformation of metal nanowires,[*1%!
most of the predictions have not been tested experimentally
due to the difficulty of conducting in-situ transmission elec-
tron microscopy (TEM) tensile measurements in which the
plastic deformation mechanisms can be directly identified.
Recently plastic deformation in sub-10-nm crystals has been
shown to be controlled by the nucleation of dislocations at
free surfaces.''!l However, in-situ TEM uniaxial stress-strain
responses of synthesized, long uniform-cross-section metal
nanowires have not been reported.

The plastic deformation of single crystal metal nanowires
has been predicted by molecular dynamics simulations to be
the result of slip (by perfect or partial dislocations) or twinning,
depending on the wire orientation and tension/compression
mode.[?l Experimental tensile measurements on single crystal
metal (micro and nano) whiskers!!>!4l show high strength but
little ductility, due to highly localized plastic deformation once
the first dislocation is nucleated. Single crystal Au NWs have
recently been reported to exhibit high ductility accompanied
by low strength and a significant stress reduction after yield
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induced by coherent twin propagation, ra ]
which reorients the crystal.'>) Such lack of |
ductility and strain hardening undermines

the mechanical robustness of metallic
nanowires. It has been argued that metallic
nanowires that incorporate twin boundaries,

at regular intervals, may impede dislocation
propagation and increase nanowire robust-
ness.>16171 Such an approach of strength-
ening via coherent nanoscale internal
boundaries has been recently advanced /
as an attractive alternative to more clas- =
sical methods, such as precipitate and grain i
boundary strengthening, due to its poten-
tial of preserving ductility along with high
strength and work hardening.!'®! Initial
experimental demonstration of the benefits
of incorporating nanotwins in metals have
begun to emerge including materials such as
nano-pillars of Cu,"”! foils of ultrafine crys-
talline Cu,”*?! thin Pd* and Ag films.[*’]
Molecular dynamics simulations have also
emerged to elucidate these benefits, for
example large-scale simulations performed by Li et al which
have reported a dislocation-nucleation-controlled mechanism
in nano-twinned metals.?! Atomic force microscopy (AFM)
experiments of penta-twinned NWs have reported super elastic
behavior with high yield strengths which are attributed to the
role of twin boundary confinement.l'®25] However, the indirect
nature and limitations in the spatial resolution of the AFM
based experimental methods have prevented further insights
into the identification of deformation mechanisms.

Using a combined approach of in-situ TEM micro-
electro-mechanical systems (MEMS)-based tensile testing
and atomistic simulations, we show that the coherent twin
boundaries, present in penta-twined Ag NWs which contain
five single crystal domains that extend the length of the [110]
growth axis and intersect at {111} twin boundaries, result in
a unique size-dependent strain hardening mechanism that
can achieve both high strength and ductility. One-to-one
comparison between stress-strain curves and microstructure
evolution revealed through in-situ TEM tests shows that the
NWs deform by nucleation of multiple local plastic regions
distributed along the NW axis, in which each new nucleation
event requires a stress increase, exhibiting strain hardening
behavior. Interestingly, the number of active plastic defor-
mation sites prior to failure increases with decreasing diam-
eter, which means that strain hardening is more pronounced
for thinner NWs. Atomistic simulations have identified that
plasticity in the NWs proceed by the formation of a series
of stacking fault decahedron (SFD) along the NW axis. The
nucleation of the first partial dislocation leads to a SFD that
facilitates the formation of neighboring SFDs, until the chain
reaction stops due to surface irregularities (such as surface
dimples), locally hardening the NW in the vicinity of the SFD
array. Consequently, higher nucleation stress is required to
initiate SFD chains elsewhere. As the NW diameter increases,
more complex SFD and dislocation structures tend to form,
leading to earlier necking. The ability to directly compare
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Figure1. Penta-twinned Ag NWs. (a) Bright field TEM image of penta-twinned Ag NW. (b) HRTEM
image of the edge of the same Ag NW shown in (a), the inset shows the SAED pattern of the
NW revealing {111} fringes (d3,, = 0.144, d,3, = 0.238). Note the NW is not perfectly aligned
with low index zone axes. The fringe pattern in the center of the NW is due to double diffraction
arising from the superposition of twin domains aligned along different zones. (c) Indexed
SAED pattern of another penta-twinned Ag NW recorded with low index zone axes of [-1 1 2]
and [0 O 1] with respect to two of the penta-twinned domains in the NW. The superposition
of the two reciprocal lattices and the {111} fringes in the SAED is characteristic of the penta-
twinned NW structure. Measured interplanar spacings: d;3; = 0.240, d,3, = 0.120, d5;; =
0.124, dyy0=0.146, dgyg = 0.2095, d3,0 = 0.148, d5q = 0.209.
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atomistic experiments and simulations is here epitomized
by providing a significant step toward a fundamental under-
standing of plastic deformation in metallic nanomaterials.

2. Results and Discussion

Long (~5-10 um) Ag penta-twinned NWs (see Figure 1) were
synthesized by a modified polyol route?*?”] with diameters
ranging from 40 to 120 nm (See Experimental Section for details).
The unstrained crystalline structure of the tested NWs consists of
five single crystal domains that intersect at {111} twin boundaries
and run the length of the NW axis parallel to the [110] growth
direction, as revealed through selected area electron diffrac-
tion (SAED) (see Figure 1c).?8l The surfaces of the synthesized
NWs are of high quality (see Figure 1a,b) and the NWs have few
defects (other than the five twin boundaries), making them good
candidates to compare with atomistic simulations.

Tensile tests were conducted in-situ a JEOL 2100F field
emission TEM operated at 200 keV using MEMS devices, in
which both stress and strain are measured during the defor-
mation, while the NW atomic structure is directly observed in
the TEM.[?2] Prior to tensile testing individual penta-twinned
Ag NWs were identified in-situ a FEI Nova Nano 600 SEM
and manipulated using a nanomanipulator (Klocke Nanote-
chnik) onto the MEMS device. Bonding between the Ag NWs
and the two grip platforms of the testing device was achieved
using e-beam induced deposition of Pt.?!l Tensile tests were
conducted by applying a series of controlled displacements to
a thermal actuator and the resulting force acting on the Ag
NW at each step was determined from the deflection of the
load sensor as described in detail previously.’”! Experimental
stress-strain curves were calculated considering the engineering
stress (using the initial cross-sectional area at zero stress for all
stress measurements) of the Ag NWs as well as the measured
strain at each step determined directly from TEM images.
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Although perfect alignment of the NW axis with the tensile
axis of grip platforms was not possible, only NWs with a mis-
alignment angle of below 25° as well as exhibiting ultimate
failure in the gauge region and not near the edges of the grip
platforms are reported here. Potential sources of error in stress
measurement are discussed in detail in the Experimental Sec-
tion and Section S1 of the Supplementary Information. These
include possible systematic errors in the crossectional area of
the NWs as well as the presence of a coating layer composed
of both polyvinylpyrrolidone (PVP) (remaining from the syn-
thesis of the NWs) (see Figure 1a,b) and amorphous carbon
deposited during SEM and TEM imaging. An analysis of the
measured elastic modulus as a function of the relative thick-
ness of this coating layer for multiple experiments revealed
that this coating layer may contribute up to ~11% error in the
stress measurements (See SI Section S1).
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Figure 2. Experimental stress-strain response of penta-twinned
Ag NWs. (a) Experimental stress-strain curves of Ag NWs of varying
diameter. (b) Sequential bright field TEM images recorded during the
tensile testing of a 42 nm diameter Ag NW. The arrows indicate localized
regions of plastic deformation nucleated during the tensile test. The
roman numerals indicate the point on the stress-strain curve in (a) at
which each image was recorded. The bottom image was recorded after
the NW fractured. The length of the scale baris 250 nm.
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Figure 2(a) shows the stress-strain responses of Ag NWs
with varying diameter. Sequential TEM images recorded
during a tensile test are shown in Figure 2(b) for the thin-
nest (42 nm diameter) Ag NW. At low strain the NWs are
found to deform elastically with elastic modulus increasing
with decreasing diameter (See Table S1 and Fig. S1b in Sup-
plementary Information). The elastic modulus was computed
from the slope of the stress-strain curves for the initial loading
regime of below 2% strain. Smaller diameter NWs were found
to exhibit moduli of up to 1.5 times the bulk value, which
is consistent with previous experimental studies of Ag and
Au NWs[10323] A summary of these previous experimental
results can be found in Ref. [34] The initial yield strain, cor-
responding to the first plateau in the stress-strain curve, shows
weak dependence on the NW diameter as one would expect
from the nucleation theory®! (see Figure 3(a)), which sug-
gests that the onset of deformation is initiated by dislocation
nucleation. However, the deformation behavior of the NWs
after the initial yielding is significantly affected by the NW
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Figure 3. Comparison of (a) yield strain, (b) number of plastic regions,

and (c) average length of plastic region, |, as a function of nanowire
diameter.
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Figure 4. Discrete plastic zones distributed along Ag NWs. (a) TEM image of 46 nanometer
diameter Ag nanowire after tensile testing exhibiting multiple plastically deformed regions.
Scale bar: 100 nm. Images before and after deformation of (b) plastic region Il, showing a
strong surface imperfection in the shape of a dimple and (c) plastic region V, where fracture

occurred. Scale bars: 50 nm.

diameter. Thinner NWs show a more pronounced strain hard-
ening effect. The thickest tested NW (118 nm diameter), how-
ever, quickly develops necking with no strain hardening, which
is similar to the behavior of single crystalline NWs,[13:14]

TEM images have revealed that dislocations are nucle-
ated and propagated in discrete localized regions along the
NWs. Figure 4 (a) shows the location of seven plastically
deformed zones, including the zone in which ultimate frac-
ture occurs for an Ag NW with diameter of 46 nm. Through a
comparison of TEM images recorded during tensile tests and
the stress-strain responses we have found that plastic zones
occur sequentially during the tensile tests (see Movie 1 for
the 42 nm diameter NW) and correspond to the plateaus at
different stress levels in the stress-strain curves. Before and
after images of two representative local plastic zones are
shown in Figure 4(b,c). The deformation mechanism and dis-
location structure within the local plastic region are analyzed
by atomistic simulations and will be discussed shortly.

Interestingly, the number of local plastic zones that develop
during tensile testing is found to increase with decreasing
NW diameter as shown in Figure 3(b). In the thickest tested
nanowire, only two plastic zones developed during tensile
deformation resulting in a stress-strain response exhibiting a
strain hardening rate of nearly zero (~0.3 GPa) and an ultimate
strength of only ~2 GPa, where the average strain hardening
rate was calculated considering a Schmid factor of 0.47 and
the slope of the stress-strain curve between the yield point and
up to 7% strain. TEM imaging during the test (see Movie 2)
demonstrated that after the initial yield the plastic zones grew
in lateral extent along the NW and dislocations were nucle-
ated and propagated only at these localized plastic zones. This
was accompanied by significant necking (see Figure S2 of Sup-
plementary Information), i.e., significant local reduction in the
NW diameter in the plastically deformed regions (from 118.4 £
0.3 nm to 110.0 £ 0.2 nm). In contrast the smallest diameter
NW developed 11 localized plastic zones which nucleated
at staggered intervals in the plastic deformation regime (see
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Movie 1 and Figure 2b). In this case the
diameter of the NW in the plastically
deformed regions was only slightly reduced
(from 41.7 £ 0.2 nm to 40.6 £ 0.2 nm). Con-
sequently, this small diameter NW exhib-
ited an unprecedented combination of high
strength, ductility, and strain hardening
with a strain-to-failure of ~14% and strain
hardening rate of 11.7 + 0.4 GPa.

The extent of deformation during
each plateau in the stress-strain curves
promotes plastic strains of ~0.3-0.5% (or
NW extensions of 8-12 nm) in which com-
plex dislocation structures were formed
as plastic zones. Also, the average axial
extent (1) of each plastic zone was found
to be proportional to the NW diameter
as presented in Figure 3(c). From TEM
imaging alone, it is not possible to deter-
mine exactly the dislocation structure and
mechanism responsible for the formation
of the plastic zones observed.

To reveal the atomistic detail of the deformation mecha-
nism, we have performed MD simulations of penta-twinned
Ag NWs under uniaxial tension at the strain rate of 107 s™!
at 300 K. The investigated NW diameters range from 6 nm
to 20 nm. The interatomic interaction is described by the
embedded atom method (EAM) potential. 338! In particular
three EAM interatomic potential modelsi*-3%! for silver were
used for the MD simulations. The initial atomic structure is
first relaxed to a local energy minimum using the conjugate
gradient algorithm. The diameter of the penta-twinned NW,
D, is defined for the circumscribed circle of the pentagonal
cross section. The aspect ratio D/L of prepared NWs was
1:2.9. The periodic boundary condition (PBC) is applied
along the NW axis. MD simulations were performed using the
MD++B% and LAMMPSI[*! with time step of 0.2 fs. Before
loading the NWs in tension, they were equilibrated for 50 ps
in the NPT ensemble using the Langevin thermostat at 300 K
and zero stress. The stress inside of the NWs is calculated
using the Virial formula.[*'#2] After equilibration, the tensile
simulations were performed using the NVT ensemble using
the Nose-Hoover thermostat, in which the NWs are elon-
gated by 0.01% of the initial length at every 10 ps until the
strain reaches 10%, corresponding to a strain rate of 107 s\
Figure 5 presents typical stress-strain curves from the simu-
lations. We do not observe a size dependent Young’s modulus,
as measured in the experiments. This discrepancy between
simulation and experiments has been well recognized in the
literaturel®**] and remains to be understood. Nonetheless,
our simulations based on several EAM potential models all
support our main conclusions regarding the plastic defor-
mation mechanism of penta-twinned Ag N'Ws, which is con-
trolled by dislocation nucleation and strongly influenced by
the presence of twin boundaries.

In all MD simulations starting from a pristine penta-
twinned NW containing no other defects than the five twin
boundaries, plastic deformation was always found to begin by
the nucleation of a partial dislocation from the NW surface.

www.small-journal.com

MICRO

2989



2990 www.small-journal.com

m full papers

3.5 . : . : .
3 D=12 (nm) pristine NW—»

2.5r 1

D=12 (nm) NW w/ SFD

&2 :
Q

D=40 (nm) NW w/ SFD .

% 002 004 006 008

el
€
zz

0.1

Figure 5. Stress-strain curves predicted by MD simulations of penta-
twinned Ag NWs with diameter D under unaxial tension at the strain
rate of 107 s7! at 300 K. The data for both pristine NWs and NWs which
contains one stacking fault decahedron (SFD) are shown.

As shown in Figure 6(a), the Shockley partial dislocation with
Burgers vector pointing to the center axis of the NW nucle-
ates on the surface area between two twin boundaries. This
contradicts an earlier prediction that dislocations nucleate at
the twin boundary of penta-twinned NWs.[! This difference
is likely caused by the smaller NW diameter investigated™
(2.56 nm) where the cross section of the grain is smaller than
the critical dislocation loop. Other previous MD simula-
tions!>* have also shown that dislocations can nucleate at twin
boundaries. Here, we find that in penta-twinned NWs, the sur-
face is even more efficient than the twin boundary at nucle-
ating dislocations. After this partial dislocation has swept the
entire cross section of this grain, leaving a triangular shaped
stacking fault area, it triggers dislocation activity on {111} slip
planes in neighboring grains, leading to a five-sided hat-shaped

Plastic
Region
\%

Figure 6. Surface nucleation of stacking fault decahedra (SFD) formation in thin Ag NWs.
(@) Simulation snapshot of the first partial dislocation nucleation from a penta-twinned Ag
NW with D = 12 nm. Only atoms with central symmetry parameter above 4.0 A2 and below
20 A2 are plotted, showing the five twin boundaries and dislocation nucleus. (b) Simulation
snapshot showing the front side of the stacking fault decahedron (SFD) formed following the
first dislocation nucleation event in (a). (c) A sequence of SFDs formed along the NW axis
following the first SFD in (b). (d) TEM image of zone IV from Figure 4(a). The inset shows a
SAED pattern recorded from the same NW region indicating the [110] growth direction (d5

=0.148). Scale bar: 10 nm.
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stacking fault area. All dislocations in these five grains are
partial dislocations with Burgers vector pointing to the center
of the NW. Hence, there are residual edge dislocations at the
twin boundaries, whose Burgers vector is the Burgers vector
difference between dislocations on neighboring grains. At the
same time, dislocations are also nucleated on the other set of
{111} slip planes that are mirror reflections of the five-sided
hat structure. Therefore, the first dislocation nucleation event
quickly leads to the formation of a ten-sided stacking fault
area, which we will call stacking fault decahedron (SFD), as
shown in Figure 6(b) (For further details see Section S4 of
the Supplementary Information). Subsequent microstruc-
ture evolution in the MD simulations can be characterized
as the formation of more SFDs along the NW, as shown in
Figure 6(c). The HRTEM image in Figure 6(d) presents the
signature of SFD chains observed experimentally within the
plastically deformed zones of the NWs.

Because of the differences in predicted and measured
Young’s modulus, as well as the possible systematic errors
previously discussed in measuring the experimental stress, we
focus our attention on yield strain (i.e., the elastic strain at
the yield point) instead of yield stress. The MD predictions of
yield strain are plotted in Figure 3(a). However, they should
not be directly compared with experiments, because the MD
strain rate is more than 10 orders of magnitude higher than
the experimental strain rate (~5 x 107 s7"). To extrapolate the
yield strain to the experimental strain rate, we compute the
energy barrier of the first dislocation nucleation event, using
a modified version of the string method.*!l The energy bar-
rier function E  allows us to extrapolate the yield strain to
the experimental strain ratel®! (See Experimental Section).
As shown in Figure 7 , an energy barrier of 1 eV predicts a
yield strain of ~4% (see Figure 3(a)), which is in good agree-
ment with the experimental measurements. The qualitative
agreement between theoretical predictions and experimental
measurements on the yield strain further support that the
onset of yield is controlled by dislocation nucleation.

In order to understand why SFDs form in a regular array,

we compute the energy barrier of partial
d  dislocation nucleation on the NW sur-
face at various distances d away from an
existing SFD. We find that this energy bar-
rier is at a minimum at the optimal value
of d,;, ~ 029 D, where D is the NW dia-
meter. The linear scaling between d,,,;,, and
D suggests that this effect is caused by the
stress field of the residual dislocations at
the twin boundaries of the first SFD. The
energy barrier of the dislocation nuclea-
tion event that triggers the second SFD
formation is significantly lower than that
for the first SFD, as shown in Figure 7.
This explains why the first SFD “catalyzes”
the formation of the second SFD and why
subsequent SFDs form as a regular array.
The plastic strain produced by the forma-
tion of one SFD is approximately &gpp =
Osrp/ L, where Sgpp = 0.19 nm and L is the
total length of the NW. &gppy is twice the
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Figure 7. Energy barrier calculations of dislocation nucleation induced
SFD formation. Energy barrier as a function of elastic strain for the
dislocation nucleation event that leads to the formation of the first
(circles) and second (crosses) SFD. D = NW diameter. For D = 6 nm NW
at low strain (indicated by dotted lines), the critical dislocation nucleus
is larger than the entire {111} slip plane of one grain, leading to a sharp
rise of energy barrier (See Sl S6).

projected length of the Shockley partial Burgers vector (see
Figure 6) along the NW axis. Because L is several microns
in the experiments, one &p is below the experimental reso-
lution. Hence we propose that the strain bursts observed in
the experiments are caused by the formation of linear chains
of SFDs, as revealed by the simulations and observed experi-
mentally (Figure 6).

MD simulations of pristine NWs always show a large
stress drop immediately after yield. This is not observed in the
experiments and is likely caused by the very high strain rate
in the MD simulation. To nucleate the first dislocation within
a few nanoseconds, the stress is much higher than necessary
for maintaining subsequent plastic deformation. To avoid this
overshooting of stress and make the simulation more repre-
sentative of the experimental condition, we performed MD
simulations of NWs already containing an SFD. In our sim-
ulations of NW with D = 12 nm containing one initial SFD,
subsequently SFDs form and occupy almost the entire NW
length before necking occurs. For real NWs, we do not expect
dislocation activity to immediately propagate through the
entire NW length once the first dislocation nucleates (nor do
we observe that experimentally). Applying the understanding
gained from the simulation to the experimental situation thus
requires the acknowledgement that real NWs have surface
undulations that create local stress concentrations. The loca-
tion with the highest local stress field will be the place of the
first dislocation nucleation, after which we expect the first
SFD to form and to “catalyze” the formation of more SFDs
in the neighborhood. As the SFD region expands away from
the maximum stress location, new dislocations will have to
be nucleated at surface locations with lower and lower stress.
At some point, it is energetically more favorable to nucleate
a leading partial dislocation at another stress concentrator,
“catalyzing” the formation of another sequence of SFDs. This
mechanism of distributing plasticity to multiple regions across
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the NW length is observed experimentally. In Figure 4 it can
be seen that defects are initially formed in the region of a NW
surface dimple (at which point the NW diameter is smaller)
(Figure 4(b)) as well as subsequently at additional local slip
regions (Figure 4(c)) at other points along the NW. Figure 4
also shows that the NW was locally hardened near the dimple
and the SFD chain formation was arrested at the extremities
of the dimple where the NW diameter was larger. Ultimate
fracture of the NW occurred far from this point, demon-
strating a unique insensitivity to surface irregularities facili-
tated by the presence of the twin boundaries in the thin NWs.

Experimentally, we observe that the number of local slip
regions decreases with increasing NW diameter, with the
largest diameter NW necking at one of the two local plastic
zones. We also observe a size-dependence in the MD simula-
tions of NWs containing one initial SFD. For the NW with D =
20 nm, the simulations show that new SFDs still form next
to the existing SFDs, but necking also occurs almost simul-
taneously (See Figure S2a of the SI). Correspondingly, the
stress also drops significantly. This behavior is quite different
from the NW with D = 12 nm, where the stress remains close
to the initial yield stress for a significant amount of plastic
strain. Therefore, the simulations predict a transition of yield
behavior as the NW diameter increases from 12 nm to 20 nm.
This is in qualitative agreement with the transition observed
in the experiments, except that in the experiments the tran-
sition occurs as D increases from ~40 nm to 100 nm. We
believe that the difference in the transition diameter is due to
the fact that the strain rate in MD simulations is 10 orders of
magnitude higher than that in experiments. With increasing
strain rate, dislocation nucleation processes that do not have
the lowest energy barrier become increasingly competitive.
This will lead to a more disorganized microstructure that will
create dislocation sources and local necking, as observed in
the MD simulations.

3. Conclusion

In summary, we have discovered size-dependent plasticity of
Ag penta-twinned NWs through in-situ TEM experiments
and elucidated the deformation mechanism by molecular
dynamics simulations and energy barrier calculations. Unique
strain hardening and multiple plastic zone formation in thin
NWs (D < 100 nm) is explained by dislocation nucleation
from a local stress concentrator, which leads to the formation
of a linear chain of SFDs. By confining dislocation activity to
SFD chain propagation, the internal twin boundaries cause
local hardening of thin NWs, resulting in defect insensitive
structures with significantly enhanced flow stress, ductility
and strength. As NW diameter becomes larger, the number
of local plastic zones decreases due to the earlier onset of
necking. We postulate this to be caused by the ease of forming
complex defect structures for thicker NWs, which creates new
dislocation sources other than the dislocation nucleation at
the surface considered here. Our results provide an example
where atomistic simulations and experiments complement
each other to discover fundamental mechanisms of material
deformation at the nanoscale.
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4. Experimental Section

4.1. Penta-Twinned Ag NW Preparation

Ag NWs were synthesized by a modified polyol method.[20:27]
In a typical synthesis, a solution of 55,000 MW polyvinylpyr-
rolidone (PVP) in ethylene glycol (5 mL, 40 mg/mL) was
refluxed at 170 °C in a hot oil bath with constant stirring rate.
NaCl in ethylene glycol (150 pL, 2.87 mg/mL) was added to
the solution, followed by AgNOj; in ethylene glycol (50 uL,
25 mg/mL). The solution was heated at the same temperature
for about 15 min. The solution then turned yellow, showing
the formation of Ag seed particles. AgNOj; in ethylene glycol
(1 mL, 25 mg/mL) was then added and reacted for 12 more
minutes, resulting in a gray dispersion containing nanowires
as well as low-aspect-ratio nanorods and particles. It should
be noted that a thin PVP layer of a few nm’s remains on the
NWs. The resulting Ag nanowire product could be purified by
cross-flow purification to remove excessive PVP, low-aspect-
ratio nanorods and particles.[*)]

4.2. Sources of Error in Stress Measurement

Because our MEMS device measures the force applied to
the NW, measurement of stress requires an accurate esti-
mate of the NW cross-sectional area. The cross-sectional
area was calculated by considering a circular cross-sec-
tional geometry with an area given by m/4#D? (~0.785+D?),
where D is the diameter of the Ag NWs as measured from
TEM images. SEM images of the cross-sectional geometry
of the Ag NWs revealed that NWs with smaller diameters
(<50 nm) have a circular geometry whereas NWs with larger
diameters (>50 nm) transition to more well defined surface
facets of a pentagonal geometry. The observation of smaller
diameter NWs with circular cross-sections is consistent with
previous work, which has shown that the higher temperature
used here for synthesis (170 °C) favors growth of circular
NWs.[*l The observed transition to pentagonal geometries
for thicker NWs is consistent with the NW growth mecha-
nism, which is controlled by the concentration of the surface
capping agent PVP.2027] Thicker NWs result from the growth
of nanocrystals covered with a lower concentration of PVP
which leads to a higher surface energy difference between
the (100) and (111) facets as compared to thinner NWs with
greater PVP surface passivation. This higher surface energy
difference results in the relatively more aggressive growth of
lateral (100) facets leading to thicker NWs with a more pen-
tagonal geometry. In contrast to brittle semiconducting NWs
(which have more well defined facets),*”] direct detailed
characterization of the cross-sectional geometry of each NW
tested is difficult therefore the stress for all NWs tested was
calculated considering a circular geometry for consistency. It
should be noted that this analysis may lead to a systematic
error which underestimates the stress of the thicker Ag NWs
by up to ~19%. We have performed atomistic simulations of
penta-twinned Ag NWs with round cross sections, in which
SFD formation are also observed. We do not observe any
systematic difference between the round and pentagonal
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cross sections that can explain the size dependence of the
yield behavior. An additional source of error in the stress
comes from a layer of PVP and EBID carbon that is present
on the NWs as a result of the synthesis and in-situ SEM/
TEM manipulation and may also carry load in the tensile
experiment if the layer is fully continuous along the NW
length. A detailed analysis of this source of error is provided
in the SIL.

4.3. Predicting Yield Strain from Nucleation Theory

The energy barrier function E (&), shown in Figure 7, allows
us to predict the critical elastic strain to nucleate a disloca-
tion from the NW surface at the experimental strain rate. We
will identify this critical strain for dislocation nucleation as
the yield strain &, of the NW. From the classical nucleation

theory,*3#) the rate of dislocation nucleation under constant
applied strain is,
Fb (8 , T)
I=N, - M
Vo €Xp |: kB T

where N is the number of nucleation site, v, is the charac-
teristic attempt frequency, k g is Boltzmann’s constant, and
T is the absolute temperature. F, (g T) is the activation
Helmholtz free energy of dislocation nucleation at given
strain € and temperature 7.

Assuming that the strain € is increasing at a constant
rate £ , then the critical strain for dislocation nucleation (i.e.
the yield strain &) can be found by solving the following
equation.

Fy (&,T) I Nyvg kg T 2)
kBT 8 (_an/ae)z::sy

This equation is analogous to Equation (2) of Ref. [50]
except that here we do not require the assumption that the
elastic stress-strain relationship is linear.

The activation Helmholtz free energy can be approxi-
mated by,*]

w(T)
w (0)

where u(T) is the shear modulus at temperature 7 and p(0)
is the shear modulus at zero temperature. From Figure 2 of
Ref [52] it can be estimated that u(7)/ w(0) is about 0.90 for
T =300 K.

The number of nucleation sites N ¢ is estimated to be
S (L/dl), where L is the NW length, &/ is the magnitude of
repeat vector ¥2 <110> a , along the NW axis. The factor of 5
is to account for the five grains around the NW axis. The lat-
tice constant of Ag is a ;= 4.09 A.

The attempt frequency factor v, is chosen to fit the yield
strain observed in MD simulations, for which the NW length
is L =2.9 D and the strain rate is € = 107 s™. It is found that
Vo= 1083 s7! gives a good fit. The yield strain predicted by the
nucleation theory for D = 6,9, 12 nm is 6.27%, 5.95%, 5.80%,
respectively. This matches well with direct MD simulations,
which give 6.41%, 5.96%, 5.80%, respectively.

Fy (e, T) = Ey(e) 3)

small 2012, 8, No. 19, 2986-2993



Distributed Plasticity in Penta-twinned Ag Nanowires

To predict the yield strain at experimental condition, we
use L =2 um and € = 5 x 10~* s~1. The predicted yield strain
(corresponding to the first dislocation nucleation event) for
D =6,9,12 nm is 4.50%, 4.21%, 4.12%, respectively.

Supporting Information

Supporting Information is available from the Wiley Online Library
or from the author. Section S1 describes an error analysis in
the stress measurements. Section S2 summarizes details of the
experimental in-situ TEM tensile tests. Section S3 shows details of
necking in thick penta-twinned Ag NWs. Section S4 shows details
of the steps of forming the stacking fault decahedron. Section S5
shows details of the change in dislocation nucleation mechanism
in the low strain range.
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