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Challenges

In this article we review recent advances in experimental techniques for the mechanical
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characterization of materials and structures at various length scales with an emphasis in
the submicron- and nanoregime. Advantages and disadvantages of various approaches
are discussed to highlight the need for carefully designed experiments and rigorous
analysis of experimentally obtained data to yield unambiguous findings. By examining in

depth a few case studies we demonstrate that the development of robust and innovative
experimentation is crucial for the advancement of theoretical frameworks, assessment of
model predictive capabilities, and discovery of new physical phenomena.
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1 Introduction

In the past two decades, significant research efforts have been
directed toward device and nanomaterial characterization follow-
ing the generally acclaimed notion of “smaller is stronger.” Ex-
perimental and computational studies revealed strong size-
dependent material properties as the characteristic dimension of
the structure approached 100 nm. These findings were particularly
relevant in the context of miniaturization and design of novel
micro- and nanosystems. Beyond their mechanical strength, nano-
structures exhibit highly improved electrical, photonic, and ther-
mal properties as compared with their bulk counterparts. Here we
will focus on experimental approaches developed primarily to per-
form mechanical characterization at small size scales and their
connection to computer simulations.

Two approaches have been pursued to explore the nanoscale
world—experimental and computational; however, a gap remains
between the two approaches, which preclude one-to-one compari-
sons. For instance, from computational studies, unique phenom-
ena, such as pseudoelasticity, shape memory effects, and surface
stress-induced phase transformation of nanowires have been re-
ported in the literature [1-3]. These are attributed to factors such
as larger surface to volume ratios, the prominence of surface
stresses, etc. Unfortunately, experimental verification of many of
these predictions is still not available. This gap between experi-
mentation and simulations is rooted in several factors. First, it is
extremely challenging to perform nanoscale experiments with de-
sired resolutions and well-defined boundary conditions, particu-
larly on specimens with characteristic size below 50 nm. By con-
trast, it is computationally very expensive to model atomistic
systems as large as the ones experimentally investigated. Further-
more, the time scales (e.g., strain rates) at which nanoscale experi-
ments and simulations are performed differ by orders of magni-
tudes. These limitations are being overcome gradually with
simultaneous development of more sophisticated experimental
techniques and improvement in parallel computing capabilities.
Computationally, multiscale methods are also under development,
bridging large variations in spatial domains. The differences in
temporal domains are also addressed by implementing quasistatic
conditions in experiments, as well as simulations. Second, simu-
lations are mostly performed on idealized nanostructures, which
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might not be the case in real life. For example, most of the com-
putational studies have been performed on pristine defect-free
nanowires. They do not account for the inevitable random distri-
bution of defects, arising from nanowire synthesis. Therefore, the
experimentally observed mechanical response can greatly deviate
from the computationally-predicted behavior. From an experimen-
tal perspective, such differences between simulations and experi-
ments, at the nanoscale, can be reduced by (i) designing the ex-
periments with well-defined loading and boundary conditions so
that the complementary modeling effort can be pursued with mini-
mal assumptions; (ii) testing specimens in a size regime, which
can be modeled atomistically; (iii) having in situ capability with
desired spatial and temporal resolution so that the observed me-
chanical response can be directly correlated with the
nanostructure—this also provides information about pre-existing
defects and their evolution under loading to be incorporated in
the computational models. Here, we will discuss the development
and evolution of experimentation to characterize the mechanical
behavior across various size scales.

This article is outlined as follows. From the perspective of ex-
perimentation at the device scale, the characterization of radio-
frequency micro-electromechanical system (MEMS) switches is
briefly discussed. Then, experiments and simulations performed
toward the understanding of plasticity size effects in thin films and
single crystal micro-/nanopillars are presented. Section 2 focuses
on one-dimensional nanostructures, covering two main aspects:
the size effects observed in elastic/plastic behavior of nanowires,
and the effect of atomic structure and its defects on the ultimate
strength of carbon nanotubes. Finally, we conclude with some
remarks on further developments needed to fill in the gap between
experimentation and theory.

2 Experiments at the Device Scale

In the current era of miniaturization, focus has been directed
toward the development of small scale micro-/nano-
electromechanical systems (MEMS/NEMS) due to their smaller
size, shorter time response, higher performance, and reduced en-
ergy requirements. These systems incorporate one-dimensional
and two-dimensional nanostructures as their building blocks. For
example, thin films, nanowires, nanotubes, etc. have been used
and incorporated to conceptually demonstrate high performance
transducers, logic circuits [4], optoelectronic [5], and piezoelectric
[6] devices. Experimentation at different scales, starting from the
device level down to the component level, is required to establish
the reliable performance of any given device. For example, at the
device level, MEMS-based radio-frequency (RF) switches have

OCTOBER 2009, Vol. 131 / 041208-1

Copyright © 2009 by ASME

Downloaded 02 Sep 2009 to 129.105.69.206. Redistribution subject to ASME license or copyright; see http://www.asme.org/terms/Terms_Use.cfm



been extensively studied. These switches are electrostatically ac-
tuated at frequencies as high as 100 kHz and, in some applica-
tions, operated at extreme temperatures ranging from room tem-
perature to —40°C [7]. A capacitive RF-MEMS switch is in
essence a micromachined capacitor with a moving top electrode,
which can be mechanically modeled as a thin membrane clamped
at the boundary. From an electromechanical perspective, this
membrane behaves like a mass-spring system, actuated by an
electrostatic force. Various techniques to characterize thin films
have been developed, as will be discussed in Sec. 3; however,
device level characterization is still crucial to be able to identify
material properties and residual stresses resulting from the micro-
fabrication process. For instance, the temperature during device
packaging can reach 200°C [8], which leads to significant re-
sidual stresses that can affect the postpackage device performance.
Extensive on-chip experimentation revealed that the life of these
switches is limited by stiction between the metallic film and the
dielectric substrate layer rather than the mechanical fracture or
fatigue [9]. Low actuation voltages increase the lifetime of MEMS
switches. However, the actuation voltage is related to the device
geometry, mechanical properties, and residual stress state. Espi-
nosa et al. [10] pursued a combined experimental-computational
modeling approach to characterize the response of a membrane
constituting the moving component in RF-MEMS switches. The
membrane was first characterized by measuring its dimension and
topography using optical full field profilometry. A novel device
level membrane deflection experiment was then performed using a
nanoindenter to deflect the film and to measure the load as a
function of displacement. Load was measured with a resolution of
a fraction of a micro-Newton and displacement with subnanom-
eter resolution. By fitting the experimentally obtained load-
deflection curves, membrane elastic properties and the state of
residual stress were identified. In a second study, the authors pur-
sued multiphysics modeling to reveal that an optimized out-of-
plane profile of the membrane can be used to control stress relax-
ation and to yield minimal actuation voltage sensitivity to
temperature changes, keeping the pull-in voltages within practical
limits [7,10].

This example of RF-MEMS switches highlights how device
level experiments can lead to a fundamental understanding of de-
vice performance and functionality. In the rest of this article, we
focus on physical understanding gained at the component level,
particularly in thin films, nanowires, and nanotubes, which are the
building blocks for nanodevices.

3 Size Scale Plasticity in Metallic Thin Films and
Single Crystal Pillars

Reducing the scale at which experimental testing is performed
has been a developmental process over the past two decades. Ear-
lier efforts focused on thin films to study the effect of film thick-
ness on their elastic and plastic response to mechanical loading.
Various novel phenomena were unveiled by the studies on thin
films, which gave rise to the general notion that smaller is stron-
ger. In this section, we discuss the understanding of plasticity size
effects in fcc metallic thin films gained over the past few years.
Figure 1 summarizes different experimental techniques employed
in the study of thin films, their limitations, and their connection to
theoretical models.

The effect of thickness on film strength was first reported in the
late 1980s by Doerner et al. [11], who performed experiments on
metallic aluminum and tungsten thin films. In the case of alumi-
num, the film strength was reported to increase with decreasing
film thickness at both low and high temperatures. On the contrary,
the strength decreased with decreasing thickness for the tungsten
films. In this study, the metallic films were deposited on silicon
substrates. Two different techniques, which emerged around the
same time in the early 1980s, were used in these experiments for
the sake of comparison. The first one, developed by Mclnerney
and Flinn in 1982 [12] involved the measurement of substrate
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Fig. 1 A schematic summarizing the main experimental tech-
niques developed for testing thin films and the corresponding
theoretical models

curvature. In this method, a laser beam is scanned across the area
of interest on the substrate, and the reflected beam is monitored by
a position sensitive photodetector to deduce its curvature. To per-
form the mechanical test, thin film specimens were prepared by
depositing the material of interest on a substrate with a different
coefficient of thermal expansion. The stresses were then induced
by heating, as different thermal expansion coefficients of the film
and the substrate lead to deformation gradients at the interface.
The second method was nanoindentation, which emerged with the
development of the “nanoindenter” in 1983 [13]. This instrument
continuously monitors the displacement of the indenter head as
the load is applied. The load-displacement curve is then analyzed
to calculate hardness, elastic modulus, and time-dependent defor-
mation properties such as creep [13]. The results obtained for
aluminum and tungsten thin films on silicon substrates revealed
the dependence of mechanical behavior on film thickness, but
with some uncertainties. First, it was not confirmed if the ob-
served effect was due to the changing film thickness or due to the
implicit change in grain size with the thickness. If the results were
attributed to the changing grain size, then one would expect Hall—
Petch type relationships for both the aluminum and the tungsten
thin films, which was not the case. Second, wafer curvature mea-
surements predicted higher strengths as compared with indenta-
tion measurements, indicating that the underlying substrate played
an important role in strengthening the film. Third, it was realized
that the nanoindentation technique yielded good results for soft
materials, such as aluminum; however, the values reported for
harder materials were too high [14]. It was thought that very high
hydrostatic pressures at the point of contact just below the in-
denter could cause local densification or phase transformations
leading to nonlinear effects, thereby, making it difficult to study
the elastic/plastic properties [14]. Lastly, in both these experimen-
tal techniques, strain gradients were present due to nonuniform
applied displacement fields.

Venkatraman and co-workers [15,16] separated the effects of
film thickness and grain sizes on the strengthening of thin films.
They applied the same wafer curvature technique on aluminum
thin films deposited on silicon substrates and varied the film thick-
nesses while maintaining the same grain size [15]. They found
that strengthening was inversely proportional to the film thick-
ness. While these tests were still susceptible to the effect of the
underlying substrate, the ambiguity of changes in grain size was
removed.

In 1992, Oliver and Pharr [17] introduced an improved analyti-
cal method to correctly determine hardness and elastic modulus
from nanoindentation load-deflection curves. The Oliver—Pharr
method was initially developed for studying bulk materials; how-
ever, many researchers adapted it to investigate thin films. For
example, Suresh et al. [18] studied copper thin films of different
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Fig. 2 Schematic showing plain strain bulge test before and after application of uniform pressure;
(b) schematics of membrane deflection experiment; (¢) a SEM micrograph of the MEMS-based testing
setup; (d) a low magnification TEM image showing the in situ nanoindentation (Permissions: (a)
reprinted with permission from Xiang and Vlassak [25] © 2006 Elsevier Ltd.; (c) reprinted with per-
mission from Haque and Saif [31] © 2002 Acta Materialia Inc. published by Elsevier Science Ltd.; and

(d) reprinted with permission from Minor et al. [32] © 2006 Nature Publishing Group)

thickness but with similar grain sizes on silicon substrates. They
observed displacement bursts during the indentation process in-
dicative of dislocation nucleation. The resistance to indentation
was reported to increase with decreasing film thickness, consistent
with the strengthening observed earlier by wafer curvature stud-
ies. Gouldstone et al. [19] reported similar results for thin films of
polycrystalline aluminum and also performed postmortem analy-
sis using transmission electron microscope (TEM) and atomic
force microscope (AFM). Detailed TEM observation demon-
strated that the indentation response of the thin films was com-
posed of purely elastic behavior with intermittent microplasticity.
The accuracy of these nanoindentation-based results was found to
depend on several parameters, such as film and substrate proper-
ties, indentation depth as a function of total film thickness, and
elastic mismatch between the film and the substrate [20,21]. In
general, the nanoindentation-based studies qualitatively reinforced
the notion that the strength of thin films increases with decreasing
film thickness; however, the presence of the underlying substrate
and strain-gradient effects still introduced uncertainties in the in-
terpretation of results. Further details and results obtained through
wafer curvature and nanoindentation studies can be found in an
earlier review by Vinci and Vlassak [22], who was involved in the
development of another technique called the “bulge test.”

To remove the strengthening effect of the underlying substrate
and associated strain gradients, Xiang et al. [23-25] employed the
bulge test technique, which was developed [26,27] in the early
1990s to determine the Young’s modulus and Poisson’s ratio of
thin films. In this method, freestanding thin films are prepared by
micromachining processes [28]. The films are then deflected by
applying a uniform pressure, which results in a plane stress load-
ing scheme (Fig. 2(a)). By measuring the deflection of the center
of the membrane as a function of applied pressure, the in-plane
stress-strain response is deduced analytically. The effect of film
thickness, surface passivation, and grain size on the plastic behav-
ior of freestanding coarse-grained electroplated copper thin films
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was studied using the bulge tests. For the copper thin films, both
the yield stress and the Young’s modulus were found to increase
with decreasing film thickness [23]. The yield stress of unpassi-
vated films was found to vary with film thickness, which was
attributed to implicit reduction in grain size in agreement with the
Hall-Petch relationship [25]. On the contrary, the passivated films
showed prominent size effect on loading and a discrete Bausch-
inger effect on unloading [25]. The passivation layers were found
to stop dislocation annihilation from the surface by blocking slip
bands at the film-passivation interface. It was hypothesized that
the stresses associated with the blocked slip bands increased the
resistance to forward plastic flow on loading and caused reverse
plastic flow (Bauschinger effect) on unloading. Using the bulge
test technique, Wei et al. [29] studied nanocrystalline copper thin
films with a grain size of approximately 39 nm, as opposed to the
coarse-grained electroplated copper thin films studied earlier [24].
Yield stresses of 41010 MPa were reported for the nanocrys-
talline thin films as opposed to a value of 300 MPa obtained for
coarse-grained films. Also, the yield stresses were not found to
depend on film thickness, which confirmed that the size depen-
dence observed for coarse-grained films was due to the reduction
in grain size associated with reduced thickness [29]. From a the-
oretical viewpoint, they applied the strain-gradient plasticity
theory developed by Fleck and Hutchinson [30] and found that it
could accurately capture the effect of film thickness, but failed to
predict the Bauschinger effect observed in the unloading of pas-
sivated films.

Plasticity size effects in freestanding FCC films, in the absence
of applied strain gradients, were investigated by Espinosa et al.
[33-37] through a new technique called the “membrane deflection
experiment” (MDE). With this technique, the complexity associ-
ated with strain-gradients and substrate effects were removed. Mi-
crofabrication techniques were used to prepare freestanding thin
film specimens of different materials, widths, and thicknesses. The
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films were designed so as to ensure uniaxial tensile stresses in the
gauge section of the specimen (Fig. 2(bh)). A nanoindenter was
used to mechanically deform the freestanding thin films. To ex-
clude the effect of grain size and grain boundary density, the av-
erage grain size was maintained constant and independent of film
thickness. The tests were instrumented with a Mireau microscope
such that film deformation, localization, and fracture were ob-
served in real time and correlated with the mechanical response.
Using the MDE, the stress-strain behavior of polycrystalline films
of copper, aluminum, and gold, in the range of 0.2—1.0 um, were
examined. The yield stress was found to increase with decreasing
film thickness, and a strengthening size scale of one over film
thickness was identified. These results were in general agreement
with other studies for fcc thin films on substrates [18,38]; how-
ever, in the case of gold, a major transition in material inelastic
response was revealed as the film thickness was reduced from
1 pm to 0.3 um. Yield stresses as high as 220 MPa were mea-
sured for 0.3 wm-thick film, as opposed to 90 MPa for
1 wum-thick film exhibiting deformation localization and strain
softening [37]. Postmortem scanning electron microscope (SEM)
and TEM studies revealed deformation bands in membranes with
thickness of 1 um. By contrast, the 0.3 um and thinner films did
not exhibit deformation bands, but underwent plastic deformation
via grain boundary nucleated dislocations [39].

These findings were also consistent with the in situ electron
microscope studies conducted by Haque and Saif [40,41] using a
microfabricated loading frame. Their setup consisted of a free-
standing thin film sample cofabricated with a microtensile stage
(Fig. 2(c)). The thin film specimen was bonded to a force sensor
beam at one end and to a set of supporting beams at the other end;
all the beams were made of single crystal Si. Displacements were
imposed on one end of the stage and were then transmitted to the
force sensing beam through the specimen. The deflection of the
force sensing beam was monitored to deduce the load in the speci-
men. They performed tensile tests on freestanding gold and alu-
minum thin films with film thicknesses ranging from 50 nm to 480
nm and grain sizes ranging from 15 nm to 75 nm. For films with
grain sizes smaller than 50 nm, they reported nonlinear elasticity
with lower elastic modulus, lack of work hardening, and brittle
failure. In the 200 nm-thick aluminum films, TEM observations
revealed significant dislocation activities within grains of size 150
nm and higher. No such activity was observed for 100 nm and
thinner films with grain sizes of 50 nm or smaller, demonstrating
that the deformation in thinner films with smaller grain sizes was
governed by grain boundary-based mechanisms rather than dislo-
cation motion. For aluminum thin films in the thickness range of
30-50 nm, they also reported a monotonic decrease in elastic
modulus, nonlinear elastic behavior, and decreasing ductility with
grain size [31]. Upon unloading, the films followed the loading
stress-strain path with small plastic deformation. Upon reloading,
there was negligible strain hardening. To account for the observa-
tions, they proposed a model in which the grain boundary region
is elastically softer than the grain interior, and it becomes increas-
ingly softer with increasing tensile strain. This model was based
on two assumptions: (i) the grain boundary to grain interior ratio
is large so that grain boundary compliance dominates; and (ii) the
grain size is small so that the stress for dislocation nucleation
follows the Hall-Petch model. This model is, therefore, comple-
mentary to the dislocation-based mechanism proposed by Espi-
nosa et al. [39] for large grain sizes (~200 nm). Espinosa et al.
[39] performed three-dimensional discrete dislocation dynamics
(DDD) simulations of grains representative of the system micro-
structure and associated characteristic dimensions to qualitatively
describe the experimentally observed effects. The DDD simula-
tions revealed two key aspects explaining the origin of plasticity
size effects: (i) the onset of plasticity is governed by dislocation
nucleation controlled process; and (ii) the hardening rate is con-
trolled by dislocation source exhaustion resulting from the size
and boundary effects. It is important to point out that a direct
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comparison with the DDD simulations was possible for this set of
experiments, as the strain gradients were absent.

In addition to the grain boundary sliding and dislocation
nucleation/annihilation effects, a novel mechanism of “stress-
assisted discontinuous grain growth” was reported by Gianola et
al. [42,43], who studied the deformation behavior of nanocrystal-
line aluminum freestanding thin films under tension. Their experi-
ments employed a customized tensile testing setup, which offers
precise grip alignment with five degrees of freedom to ensure that
a tensile state of stress is induced in the specimen [44]. A screw
driven picomotor, with resolution of less than 40 nm, was used to
apply a controlled displacement to one end of the thin film. A load
cell with uN resolution was used to measure the applied loads.
For the same film thickness and average grain size, they observed
reduced strength and increased ductility in some of the specimens.
Postmortem TEM studies revealed that the extended plasticity was
the outcome of discontinuous grain growth leading to a microc-
rystalline structure in the presence of stresses. Another recent
study in situ TEM [45], using the microfabricated loading frame
developed by Haque and Saif [40,41], reported up to 100% recov-
ery of plastic deformation in gold and aluminum thin films after
unloading. The process of recovery was found to be time-
dependent and thermally activated. A proposed mechanism for the
significant plastic recovery was based on heterogeneous grain
boundary diffusion due to the presence of impurities and inherent
variations in the grain structures. It was asserted that inhomoge-
neous grain boundary diffusion can lead to severe internal stresses
during loading that can serve as driving force for plastic strain
recovery upon load removal. This in situ setup with the microfab-
ricated loading frame was a good attempt to relate the mechanical
behavior to the microstructure of the thin films; however, it suf-
fered from one major design limitation. In order to measure ap-
plied load, the electron beam needed to be displaced from the
specimen to the clamped-clamped single crystal Si beam, whose
deflection was used to identify the force. Therefore, it was not
possible to perform high resolution TEM imaging while simulta-
neously loading (and measuring the load-displacement response)
the specimen.

In the aforementioned studies, uncertainties arising from the
presence of strain gradients and substrate effects were ruled out
one after another to gain an in-depth and clear understanding of
plasticity at the nanoscale. However, ambiguities due to variation
in grain size and their random orientation remained. Postmortem
TEM analysis assisted in building hypotheses attributing to
dislocation-based or grain boundary-based mechanisms. What was
still missing was the in situ capability, which can provide a direct
correlation between the mechanical response and microstructural
evolution. The relevance of performing in situ characterization
was established in the mid-1980s by Robertson et al. [46] when
they observed atomic level phenomenon, such as microtwin for-
mation at stress concentrations, dynamic transfer of slip across a
grain boundary [47], and formation of vacancy type dislocation
loops [48]. Matsukawa and co-workers [49-51] investigated the
interactions of stacking fault tetrahedrons with moving disloca-
tions using in situ methods. These in situ studies focused on ob-
servation of phenomena associated with plasticity, but more tech-
nological development was needed to simultaneously measure the
load-displacement response.

In an attempt to correlate the mechanical response of thin films
with their microstructural evolution, in 2001, Stach et al. [52]
developed a nanoindenter for performing mechanical tests in situ
an electron microscope. Using this setup, Minor et al. [53,54]
observed the discrete microstructural events and correlated them
with the load-displacement characteristics. Figure 2(d) shows a
TEM image demonstrating the experimental setup. They observed
staircase instability, i.e., a sudden increase in the displacement for
the same applied load, and asserted that the instability corresponds
to the onset of plasticity and dislocation nucleation in a grain that
is defect-free prior to loading. Further insight into the onset of
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Fig. 3 (al) ASEM image of a 20 um diameter Ni pillar showing slip events
at ~4% strain an engineering stress of ~50 MPa; (a2) SEM image of a
5 um diameter Ni pillar after testing at ~19% strain where a rapid burst of
deformation occurred in less that 0.2 s. Engineering stress as high as 130
MPa was observed; (b1,2) SEM image of a 660 nm Au pillar before and after
deformation. In these experiments, yield stress as high as 500 MPa was
observed for a 400 nm pillar; and (c1,2) TEM images acquired during in situ
TEM nanoindentation tests on a 160 nm diameter Ni nanopillars. Before the
test (c1), the nanopillar had high dislocation density, which disappeared
after first loading. Stresses as high as 1.0 GPa were reported. (Permissions:
(a) reprinted with permission from Uchic et al. [56] © 2004 American Asso-
ciation for the Advancement of Science; (b) Reprinted with permission from
Greer et al. [57] © 2005 Acta Materialia Inc. published by Elsevier Ltd.; and
(c) reprinted with permission from Shan et al. [58] © 2008 Nature Publishing

Group).

plasticity was gained later [32] via experiments on dislocation free
volume of polycrystalline aluminum. These experiments revealed
that the theoretical shear strength is reached before dislocation
nucleation. The authors also observed that submicrometer grains
of aluminum with high dislocation density are also capable of
sustaining shear stresses as high as the theoretical strength. This
finding was in contradiction to the general notion that a defect-
free volume is necessary to achieve theoretical strength.

To decouple the effect of grain boundary-based mechanisms
from size related effects, single crystal studies were conducted by
Uchic et al. [55,56] on nickel (Ni) micropillars using a nanoin-
denter with a flat head punch. Ni pillars ranging from 0.5 um to
40 wm in diameter were prepared by focused ion beam (FIB)
milling of bulk material (Fig. 3(a)). The pillars were compressed
in a displacement-controlled fashion using the nanoindenter until
plastic deformation was achieved in the finite deformation regime.
Postmortem SEM observations revealed that the fundamental pro-
cess of plastic deformation is significantly modified for micropil-
lars with diameters smaller than a few tens of micrometers. It was
hypothesized that the plastic deformation behavior is controlled
by the escape of dislocations through the surface of the micropil-
lars. Size effects on FCC single crystals were revealed by these
micropillar compression tests, which provided a leap in under-
standing of dislocation-mediated plasticity in single crystals. Fol-
lowing this work, Greer et al. [57] refined the methodology to
further reduce pillar diameter to sizes as small as 250 nm (Fig.
3(b)). Figure 4(a) shows the experimentally obtained stress-strain
plots for pillars with decreasing diameters. The authors reported
flow stress as high as 4.5 GPa, which is a significant fraction of
the theoretical strength of gold. Strengthening of the pillars was
explained based on a “dislocation starvation” hypothesis. This hy-
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pothesis asserted that the annihilation of dislocations through the
surface leads to a state in which higher stresses are then required
to nucleate new dislocations and further deform the crystal plas-
tically.

The experimental technique employed in these studies was ex
situ; hence, postmortem TEM studies were further performed to
observe the structure of the slip bands in the nanopillars. Unfor-
tunately, uncertainties associated with the effect of TEM sample
preparation and the possible instability of dislocation networks
prevented unambiguous verification of the starvation hypothesis.
By employing discrete dislocation dynamics simulation, Espinosa
and co-workers [59,60] provided a plausible explanation for the
plasticity size effects and the typical staircase stress-strain behav-
ior observed experimentally (Fig. 4(a)) in gold micropillars. The
initial conditions, geometry, loading, and the boundary conditions
employed in the simulations allowed for a direct comparison with
the experimental results, Fig. 4(b). The model was composed of a
pre-existing random network of jogged dislocations, which were
relaxed before application of the load. The computationally obtain
dislocation network was equivalent to what in the literature is
referred to as Frank networks and constituted the first attempt to
eliminate the artificial introduction of Frank—Read sources of ran-
dom strength. In the simulations, load was controlled with step
increases of 50 MPa. Figure 4(b) shows the computationally ob-
tained stress-strain response for three cases with the same initial
dislocation density but different initial network configurations.
Strain bursts separated by regions of nearly elastic loading are
evident and consistent with the experimental findings. From the
simulations, the evolution of the dislocation network revealed se-
quential shutdown of the sources as dislocations escaped through
the surface and explained the physical phenomena behind the dis-
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Fig. 4 (a) Experimentally obtained stress-strain behavior of gold pillars under compression, show-
ing the increasing yield stress with decreasing diameter; (b) Computationally obtained stress-strain
plots for 400 nm pillars with same dislocation density, but different initial dislocation configurations;
(c) a series of images showing the dislocation evolution associated with strain bursts (see text for
detailed explanation) (Permissions: (a) reprinted with permission from Greer and Nix [62], http://
link.aps.org/doi/10.1103/PhysRevB.73.245410. © 2006 The American Physical Society; (b) reprinted
with permission from Tang et al. [60], http:/link.aps.org/doi/10.1103/PhysRevLett.100.185503. © 2008

The American Physical Society).

location starvation hypothesis. The evolution process correspond-
ing to the strain burst, marked by A in Fig. 4(b), is shown by a
series of images in Fig. 4(c). In these figures, only a few disloca-
tions involved in the step formation are shown. Dotted ellipse
corresponds to (111) type slip plane, and the dotted rectangle de-
notes a second slip plane aligned with the loading axis. At a com-
pressive stress of 350 MPa, Fig. 4(c1) and 4(c2) (colored online)
shows that one dislocation line (A, blue) started gliding and ap-
proached another dislocation line (B, red). The collinear interac-
tion [61] of these two dislocation lines generated two spiral
sources 1 and 2 (Fig. 4(c3)). Source 1 was constrained by the
junction formed by B (red) and C (black) dislocation lines; how-
ever, source 2 was free to move and annihilated as it reached the
surface of the pillar (Fig. 4(c4)). The constrained motion of source
1 caused another collision between two dislocation lines (B, red
and C, black) resulting in another junction 33" (Fig. 4(c5)). This
active source 1 moved on the glide plane along the intersection
line 44, resulting in plastic deformation at constant load (Fig.
4(c5) and 4(c6)). The source finally shuts down via annihilation at
the surface after a period of loading (Fig. 4(c7)). After that anni-
hilation, purely elastic straining occurred until another dislocation
source was created or activated, leading to the staircase type
stress-strain response. Additional details on the mechanisms lead-
ing to this phenomenon are reported in Ref. [60].

This mechanistic interpretation was experimentally validated by
means of the in sifu nanoindentation setup developed by Stach et
al. [58]. These authors performed compression tests on single
crystals of Ni and observed the above phenomenon, which they
called “mechanical annealing” (Fig. 3(c)). They found that a crys-
tal with high dislocation density can be made defect-free, i.e.,
mechanically annealed, in the initial phase of loading. They hy-
pothesized that mechanical loading activates pre-existing disloca-
tions, which move and annihilate at the surface of the specimen.
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This was a remarkable observation revealing the annihilation of
dislocations though the surface of nanopillars, in agreement with
the dislocation starvation mechanism observed in earlier experi-
ments and confirmed by DDD simulations.

4 Experimental Techniques for Studying One-

Dimensional Nanostructures

As summarized in Sec. 3, customized instrumentation and
novel approaches were employed to characterize two-dimensional
thin films. To pursue single crystal studies, one-dimensional nano-
pillars (up to 250 nm in diameter) were tested using
nanoindentation-based method. As opposed to pillars, thinner
nanowires and nanotubes with larger aspect ratios cannot be tested
via nanoindentation due to the likelihood of buckling or bending.
Therefore, further reduction in characteristic size poses new chal-
lenges for experimental studies. Various direct and indirect tech-
niques have been developed and a variety of one-dimensional
nanostructures have been studied. These experimental techniques
will be discussed next in context of two particular materials—zinc
oxide (ZnO) nanowires and carbon nanotubes (CNTs). The same
techniques have also been used to study nanostructures made of
other materials. A brief summary of other materials studied is
provided in Sec. 4.3.

4.1 Size Dependent Elastic Properties of Zinc Oxide
Nanowires. Zinc oxide nanostructures exhibit remarkable semi-
conducting, piezoelectric, and biocompatible properties, which
have drawn the attention of many scientists and engineers. Re-
search efforts envision the implementation of ZnO nanostructures
as building blocks of high performance optoelectronic devices [5],
logic circuits [4], piezoelectric devices [6], nanoresonators, and
electromechanically coupled nanocantilever sensors [63]. For re-
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liable design of such devices, a thorough knowledge of the me-
chanical response of these nanostructures is desirable. ZnO is cho-
sen in this article to illustrate various nanoscale experimental
techniques and the successful one-to-one comparison with atom-
istic simulations. Various techniques involving dynamic resonance
in situ TEM, atomic force microscopy, nanoindentation, and
MEMS-based testing have been used to characterize the elastic
response of ZnO nanostructures. Each technique involves differ-
ent assumptions for interpretation of the experimentally acquired
data. As a result, discrepancies in the experimentally measured
values for Young’s moduli are large—values ranging from 20 GPa
to 250 GPa have been reported with no consensus for a given
characteristic size. Figure 5 shows the scatter in Young’s modulus
values reported by different experimental techniques. Some stud-
ies report size-dependent behavior, while some do not. Each of
these techniques, their findings, and limitations will be discussed
next.

Bai et al. [64] performed experiments on [0001] oriented ZnO
nanobelts and reported a size-independent bending modulus of 52
GPa, which is far lower than the expected bulk value of 140 GPa
[65]. They used in situ dynamic resonance tests, developed in late
1990s, in which the nanostructure under study is singly clamped
and actuated either thermally or electrostatically (Fig. 6(a)). The
nanobelts were attached to a gold electrode and were manipulated
to be placed opposite to another gold electrode. An alternating
voltage with tunable frequency was applied across the two elec-
trodes. Since the induced charges on the tip of the nanobelts os-
cillated at the frequency of the applied voltage, mechanical reso-
nance was induced when the applied frequency matched the
natural vibration frequency of the nanobelts. As the integration
time needed for capturing the TEM image is much larger than the
vibration cycle, blurring is observed in the TEM images, and the
envelope (i.e., the amplitude) of the vibrations is used to infer the
Young’s modulus. Using the same experimental method, Chen et
al. [66] later reported that the elastic modulus of [0001] oriented
ZnO nanowires depends on the nanowire diameter. They found
that the Young’s modulus increased from 140 GPa to 220 GPa as
the nanowire diameter decreased from 550 nm to 17 nm. To ex-
plain the size dependence, they proposed a core-shell model for
the nanowires, with a stiffer shell as compared with the core.
From fitting their experimental data to this model, they predicted
a shell thickness of 4.4 nm with a modulus of 1.5 times the bulk
modulus. The limitation of this model lies in the size range stud-
ied experimentally. Due to fitting to limited experimental data, the
shell thickness turned out to be the radius of the smallest nanowire
(NW) they tested, and the shell modulus was the modulus of this
smallest nanowire [66]. This resonance based technique avoids the
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need of manipulating the specimens and provides direct visualiza-
tion of the experiment. However, due to bending, the deformation
is mainly gradient dominated, which has a more pronounced sur-
face elasticity effect as compared with uniform axial deformation
[66].

Atomic force microscopy based tests were also developed as
AFM offers unprecedented force and displacement resolutions.
Three main experimental configurations have been utilized to load
nanostructures using an AFM cantilever: (i) the ends of the speci-
men are fixed to a substrate and load is applied in the plane of the
substrate using the AFM in lateral force mode (Fig. 6(b)); (ii) the
specimen is suspended on a microfabricated trench or a nano-
porous membrane with both ends fixed and load is applied normal
to the plane of the substrate using the AFM in contact force mode
(Fig. 6(c)); (iii) nanotubes or nanowires are grown vertically di-
rectly from the substrate to create singly clamped cantilevers and
the free end is displaced by the AFM probe in lateral force mode.
In all the cases, the loading mode for the specimen is bending—
three-point bending for the first two cases and simple bending for
the third case. Ni and Li [67] reported a Young’s modulus of
38.2*+ 1.8 GPa for ZnO nanobelts by three-point bending AFM
tests, independent of the characteristic size. Song et al. [68] re-
ported a slightly smaller value of 29 =8 GPa by bending singly
clamped vertical ZnO nanowires using AFM. Hoffman et al. [69]
used a modified approach to pull on the vertical nanowires by
attaching them to an AFM probe using carbonaceous deposition
inside the SEM chamber. They reported a Young’s moduli of
97+ 18 GPa for nanowires 100-140 nm in diameter. As one can
notice, the Young’s moduli obtained from AFM bending/tension
tests are much smaller than the bulk value of 140 GPa. This is in
direct contrast with the size dependence seen in the dynamic reso-
nance tests performed by Chen et al. [66]. Recently, Zhou et al.
[70] performed finite element simulations to show that there are
different factors, which can contribute to the underestimation of
Young’s modulus by three-point bending tests. Some of these in-
clude the boundary conditions at the fixed ends of the nanowire,
the aspect ratio of the nanowire, and the deflection of the nano-
wire at the point of loading.

Nanoindentation-based techniques also seem to be obvious
natural choice for nanoscale testing. However, to characterize
nanowires with small diameters and large aspect ratios, uniaxial
compression is not suitable, as there is a significant likelihood of
buckling. Instead, Stan et al. [74,75] used an indirect AFM-based
method called “contact resonance AFM” in which a nanowire ly-
ing on a substrate is indented with an AFM cantilever in both axial
and radial directions. In this method, a calibrated AFM probe is
brought in contact with the nanowire, and a given load is applied.
At this load, the driving signal for the AFM cantilever is generated
using a lock-in amplifier to perform repetitive nanoindentation of
the nanowire. The photodiode signal is also acquired by the
lock-in amplifier, which is analyzed to measure the shift in reso-
nance frequencies. This shift in frequency is then quantified in
terms of contact stiffness between the AFM probe and the sample.
The indentation modulus of the specimen is calculated from the
contact stiffness, assuming a circular contact area between the
AFM tip and the specimen. Using similar methodology in lateral
AFM mode, they performed friction type measurements and re-
ported the tangential shear modulus as well. For ZnO nanowires
[74], they reported an increase in the radial indentation moduli, as
well as lateral shear moduli for nanowires of diameters smaller
than 80 nm. Their trends were similar to the results obtained ear-
lier from dynamic resonance tests; however, the values reported
for moduli were smaller. In particular, this methodology predicted
a modulus of ~100 GPa corresponding to bulk, which is ~70%
of the expected value of 140 GPa. This difference is attributed to
the difficulty associated with precise measurement of the contact
area between the AFM tip and the nanowire surface, as this con-
tact area significantly affects the adhesion/capillary forces at the
nanoscale and, therefore, the interpretation of results.
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Fig. 6 (a) SEM micrographs demonstrating the in situ thermal vibration tests. 1—freestanding nanotubes fixed at
one end; 2—first mode of resonance; 3—second mode of resonance; (b) schematic representation of AFM-based
three-point bending tests in lateral force mode; (c) schematic representation of AFM-based three-point bending
tests in contact mode. Top figure shows the AFM image of a SWNT rope suspended over a polished alumina
ultrafiltration membrane; (d) schematic representation showing the setup for in situ tension tests on an individual
MWNT using two calibrated AFM probes. (Permissions: (a) reprinted with permission from Poncharal et al. [71]. ©
1999 American Association for the Advancement of Science; (c) reprinted with permission from Salvetat et al. [72],
http://llink.aps.org/doi/10.1103/PhysRevLett.82.944. © 1999 American Physical Society).

Desai and Haque [76] microfabricated a customized test-bed
with two jaws between which the nanowire specimen was placed.
One jaw was fixed and the other was attached to the middle of the
device to which the displacement was applied [77]. A customized
SEM stage was employed to apply displacements using a piezo-
actuator. The force was deduced by observing the deflection of the
device folded beams in situ an SEM. In their setup, the nanowires
were first dispersed on a freestanding silicon dioxide (SiO,) grid.
A nanowire suspended across a hole in the grid was located and
fixed on to the grid by FIB induced platinum deposition. The grid
along with the nanowire was then manipulated and placed on the
device. Instead of the nanowire being attached to the device, the
grid was attached by platinum deposition. They reported a very
small Young’s modulus of ~20 GPa for nanowires of diameter
200-300 nm. This represents the lowest modulus reported in the
literature for ZnO nanowires.

As the above paragraphs and Fig. 5 illustrate, the literature
reports a variety of experimental techniques and findings that re-
veal discrepancies in the observed phenomena. The sources of
error appear to be in (a) instrument calibration to measure applied
loads and displacements; (b) fixing and mounting of samples; (c)
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measurement of nanowire diameter or cross-sectional area; and
(d) applied boundary and loading conditions. The discrepancy in
the size-dependent elastic behavior of ZnO nanostructures de-
scribed above was resolved by Agrawal et al. [78] using a com-
bined experimental and theoretical approach. They found that the
Young’s modulus increases from 140 GPa (bulk value) to 195 GPa
as the nanowire diameter decreases from 80 nm to 5 nm [78]. At
the core of resolving these discrepancies was the development of
an experimental technique based on MEMS technology; the so-
called nanoscale-material testing system (n-MTS) developed by
Espinosa and co-workers [79-82]. The n-MTS is the world first to
provide electronic measurement of load and deformation while
allowing simultaneous acquisition of high resolution images of the
atomic structure of specimens within the TEM (see Fig. 7(a)). The
device facilitates uniaxial tensile loading under displacement con-
trol by means of thermal actuation. Load is measured, based on
differential capacitive sensing, with a resolution of about 10 nN.
The specimens are mounted on the device using a three-axis pi-
ezoelectric nanomanipulator, and the ends of the specimens are
fixed by electron beam induced deposition (EBID) of platinum
(Fig. 7(b)) [81]. As the load and displacements are measured elec-
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Fig. 7 (a) SEM micrograph of MEMS-based nanoscale-material testing system to perform in situ TEM tests; (b) SEM image
of a ZnO nanowire mounted on the n-MTS with e-beam induced deposition of platinum to fix the two ends; (c1,2) TEM
images of the ZnO NW taken during a tensile test at 0% and ~2.5% strain. Inset shows the corresponding diffraction
patterns; (c3) Intensity analysis of the diffraction patters shown in (c1) and (c2) along [0001] direction to measure the
change in lattice constant; (d1) Contours of radial displacements, for nanowires of different diameters, after energy mini-
mization; (d2) Young’s modulus normalized with bulk modulus, as a function of normalized radlal coordinate in each atomic

layer. The shell thickness, s, is indicated. (Reprinted with permission from Agrawal et al. [78]

Society).

tronically, high resolution TEM imaging of the specimen is pos-
sible, in real time, without the need for shifting the electron beam.
Figure 7(c) shows the TEM images and corresponding selected
area diffraction (SAD) patterns taken during the tensile loading
experiment of a ZnO nanowire. Intensity analysis of the SAD
patterns along the axis of loading was done to measure the
changes in lattice constant and therefore calculate strain from an
atomic perspective. The important features of this experimental
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method include (i) displacement-controlled loading; (ii) simple
uniaxial state of stress which is straightforward to interpret; and
(iii) simultaneous high resolution imaging to directly correlate the
stress-strain response with the atomic structure of the specimen
being tested. Due to these well-defined experimental conditions, a
direct comparison with molecular dynamic (MD) simulations was
made possible. Tensile tests were conducted on the [0001] ori-
ented ZnO NWs with diameters ranging from 20 nm to 480 nm.
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MD simulations were performed on nanowires ranging from Snm
to 20nm in diameter, with the 20 nm size bridging the gap be-
tween the experimentally tested and computationally modeled
sizes. The experimental and computational findings are discussed
next.

The experiments revealed a size-dependent elastic response
with Young’s moduli increasing from 141 GPa to 160 GPa, as the
nanowire diameter decreased from 88 nm to 20 nm. For larger
wires, the value was 139*3.5 GPa, consistent with the bulk
value of 140 GPa [65]. Complementing the experimental results,
MD simulations predicted an increase in the Young’s moduli from
169 GPa to 195 GPa, as nanowire diameter decreased from 20 nm
to 5 nm. The atomistic analysis revealed that the nanowire surface
reconstructs from bulk atomic positions, resulting in axial expan-
sion and radial contraction of the nanowire under equilibrium. The
extent of relaxation depends on the nanowire diameter. Due to this
surface effect, the radial contraction on the nanowire surface is
highly localized, leading to shortening of bond lengths, which
makes the surface atoms elastically stiffer as compared with the
inner core atoms. Figure 7(d) shows the radial displacements in
the cross section of nanowires of different diameter at equilibrium
and the corresponding effect on the Young’s moduli of each wire
as a function of its radial coordinate. These results were in general
agreement with the core-shell model proposed by Chen et al. [66],
but did not reveal a shell of fixed thickness. Instead, the size of the
shell scaled with the wire diameter (denoted by s in Fig. 7(d)).

The combined experimental and MD results are shown in Fig.
5, along with other experimental data. From an experimental
standpoint, the key to establish this connection included two main
aspects: (i) the proper characterization of cross-sectional area of
the nanowires, which was measured by SEM imaging of the frac-
tured surface of the nanowire after the tensile test; and (ii) accu-
rate measurements of strain at the atomic level by calculating the
change in interatomic spacing from the diffraction patterns ac-
quired during loading. The second aspect is attributed to the ca-
pability to simultaneously perform high resolution imaging while
testing the specimen. In this study, the authors also found that
carbon deposition [69] to weld the ends of the nanowires leads to
hysteresis on repeated loading and unloading. This indicates that
carbon welding is not strong enough to achieve fixed-fixed bound-
ary conditions, and highlights some of the challenges in establish-
ing standardized testing protocols for nanoscale testing.

As evident from the prior paragraphs, proper experimentation
along with appropriate modeling, could resolve the inconsisten-
cies reported in the literature and highlight the probable sources of
error in experimentation at the nanoscale. This particular experi-
mental approach using the n-MTS, exhibiting unprecedented force
and displacement resolutions and simultaneous in situ electron
imaging represents the current state of the art for characterization
of one-dimensional nanostructures. More attributes of this kind of
approach will be highlighted as we look into the mechanisms of
carbon nanotubes next.

4.2 Ultimate Theoretical Strength of Carbon Nanotubes.
The discovery of carbon nanotubes by Ijima [83] in the early
1990s gave rise to an entirely new paradigm for making devices at
the nanoscale. The outstanding mechanical properties of CNTs are
being exploited in a variety of applications ranging from high
performance fibers [84] to nanoelectronics [85-88]. First principle
calculations [89-92] predict that defect-free single-walled CNTs
possess Young’s modulus of ~1 TPa, tensile strengths greater
than 100 GPa, and high fracture strains of 15-30% depending on
the tube chirality. Unfortunately, early experimental work failed to
demonstrate such outstanding properties as a result of limitations
similar to those discussed for the case of nanowires. The incon-
sistencies between theory and experiments preoccupied the com-
munity for many years and directed modeling efforts to the analy-
sis of defective atomic structures. As it will be shown in this
section, true properties of CNTs were not revealed until more
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sophisticated experimental approaches were developed [93,94].
The techniques used for mechanical characterization of CNTs are
similar to those already discussed in the context of ZnO
nanowires.

For instance, in situ dynamic resonance tests with thermal ac-
tuation was used by Treacy et al. [95] to investigate the Young’s
modulus of multiwalled carbon nanotubes (MWNTS). The ampli-
tudes of intrinsic thermal vibrations were measured as a function
of the applied temperature. They tested arc discharged MWNTs
and found Young’s moduli ranging from 0.4 TPa to 3.7 TPa, with
an average value of 1.8 TPa. Following this work, Poncharal et al.
[71] also studied the Young’s modulus of similar arc discharged
MWNTs; however, they induced mechanical resonance by actuat-
ing the nanotubes via an ac electrostatic field within a TEM. The
resonance frequencies were measured to deduce Young’s moduli
ranging from 0.1 TPa to 1 TPa. To overcome large deformation
gradients associated with dynamic bending and to be able to cap-
ture the fracture behavior of nanotubes, AFM-based techniques
have been applied.

Using the AFM-based bending technique previously described,
Wong et al. [96] measured the Young’s modulus, strength, and
fracture strength of MWNTs lying on a substrate. They reported a
Young’s modulus of 1.28 £0.59 TPa and a fracture strength of
14.8 =8.0 GPa, which is well below the theoretically predicted
value of 100 GPa. Walters et al. [97] suspended the nanotubes
over a trench to overcome adhesion and friction between the
specimen and the substrate. The Young’s moduli measured ranged
from 0.067 TPa to 1.31 TPa. Similarly, Salvetat et al. [72,98]
deflected arc-discharge MWNTSs vertically by dispersing them on
a nanoporous alumina membrane with 200 nm pores and reported
an average modulus of 0.81 TPa. An overlap exists among the
Young’s moduli values measured in different studies, and values
as high as those predicted by theoretical studies have been
achieved; however, fracture strain reported by these studies was
still less than 20% of theoretical estimates. It was thought that
AFM probes are likely to cause stress concentrations and to in-
duce defects at the point of contact, thereby decreasing the overall
strength.

To avoid strain gradients associated with bending and stress
concentrations imposed by the AFM probes on the point of con-
tact, Yu et al. [73] performed tensile tests on MWNTSs in situ a
scanning electron microscope. They used two AFM probes—a
relatively soft one as a load sensor and a stiffer one as an
actuator—attached to a piezo-based linear motor (as shown sche-
matically in Fig. 6(d)). The two ends of the CNT were attached to
the two probes and the test was performed in the SEM to measure
the deflection of the soft AFM cantilever and the nanotube. From
the stiffness calibration of the AFM probes, the force-deflection
response was deduced. They reported a Young’s moduli of 0.27—
0.95 TPa, failure strength of 11-63 GPa, and failure strains be-
tween 2% and 13%. The low values of modulus were attributed to
the defects introduced by oxidative pitting during nanotube puri-
fication. Theoretical calculations [99,100] have suggested that
such defects can dramatically lower the modulus and decrease the
failure strains. Recently, Ding et al. [101] used the same experi-
mental technique to test unpurified arc-discharge grown MWNTs.
They obtained an average modulus value of 0.95 TPa for the 14
tubes studied, which is in good agreement with the theoretical
results; however, measured mean fracture strengths and failure
strains were still only 24 GPa and 2.6%, respectively.

A modified version of the technique employed by Yu et al. [73]
was used to study the tensile failure of chemical vapor deposition
(CVD)-grown MWNTs [102,103]. Instead of attaching the nano-
tubes to AFM probes on both the sides, one end of the nanotubes
was clamped by embedding it in epoxy glue. The free end was
attached to the AFM probe and pulled upon until failure was ob-
served. In this work, multishell failure was identified mostly in-
volving the failure of all the shells, at low failure strains. The
values reported for fracture strength of CVD-grown tubes were as
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[93]. © 2008 Nature Publishing Group).

high as ~260 GPa, which is well in excess of the theoretical
quantum-mechanical prediction of ~100 GPa. In this study, the
number of load bearing shells was not characterized, and single-
shell failure was assumed in the calculations. Under this assump-
tion, high fracture strength appears to be the result of significant
load sharing among the shells facilitated by the wavy shell wall
resulting from the CVD synthesis method. However, if the cross-
section of all the fractured shells is used to calculate fracture
strength, the values are again well below the theoretical
predictions.

These studies highlight the importance of knowing the charac-
teristic atomic structure being tested and its failure mechanism for
correct interpretation of the experimental data. This necessitates
the development of high resolution in sifu techniques so that the
observed mechanical behavior can be directly related to the
atomic structure under study. The n-MTS (Fig. 7(a)), developed
by Espinosa and co-workers, provides this capability by perform-
ing TEM imaging with atomic resolution for proper characteriza-
tion of the nanotube’s chirality, the number of broken shells, and
the failure mechanism. With this unique device, the
computationally-predicted properties of CNTs were measured ex-
perimentally for the first time [93]. As shown in Fig. 8(a), high
resolution TEM imaging and displacement-controlled loading
made it possible to capture the failure of a single shell of a
MWNT. Since only the outer shell of the nanotube was fixed at
the welded ends, the nanotube failed via a telescopic or “sword-
in-sheath” mechanism, where the outer shell broke leaving the
inner ones intact. One key to be able to achieve theoretical
strength was to ensure that the energy of the electron beam, used
for imaging in the TEM, was kept below a threshold energy re-
quired to generate defects [104]. Also, the uniaxial tensile mode of
loading allowed for high desired strains without inducing any
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bending artifacts. The number of failing shells was characterized
by analyzing the intensity profiles along the cross section of the
nanotubes (Fig. 8(a)). Observation of the single-shell failure was a
remarkable achievement as this experimental result opened av-
enues for direct comparison with theoretical studies done on
SWNTs. In these experiments, fracture strength of ~100 GPa and
fracture strains of ~12% were measured, which are comparable to
the theoretical calculations of nanotubes with small defects such
as single vacancies or Stone—Wales defects. To make a close com-
parison, experimental data for a nanotubes with chirality very
similar to computationally modeled [10,0] type single-walled
nanotubes was chosen. Figure 8(b) compares the experimental
stress-strain curve to the theoretical predictions made by different
first principle approximations, such as density functional theory
(DFT), the semi-empirical quantum-mechanical model PM3, the
empirical second-generation modified Tersoff-Brenner (MTB-G2)
potential, and self-consistent charge density functional-based
(SCC-DFTB) tight binding. The agreement between the experi-
mental curve and different quantum-mechanical models is very
good, particularly with the PM3 model. The most noticeable dif-
ference is in the failure strain which can be attributed to presence
of defects in experimentally tested nanotubes. For example, PM3
calculations show that even a single missing atom can reduce the
fracture stresses from 124 GPa to 101 GPa and fracture strains
from ~20% to ~13% [99]. Defects, on the contrary, introduced in
a controlled manner can also lead to improved performance of the
nanotubes. This was revealed by the same in situ TEM tests, as
discussed in the next paragraph.

As it was found that electron beam irradiations, during in situ
TEM experiments, can induce defects in the nanotubes, the study
was extended to characterize the effect of electron irradiation on
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nanotubes. The nanotubes were exposed to an electron beam of
known current density at a set magnification for a given amount of
time and the irradiation dose was calculated based on those pa-
rameters. By increasing electron dosage dramatic increases in load
carrying capacity was identified. The phenomenon was attributed
to irradiation induced cross-linking of multiple shells [93]. The
cross-links help transfer the load from the outermost shell to the
inner shells, resulting in a more uniform load sharing among dif-
ferent shells. The load sharing increased the overall stiffness of
the nanostructure. These results were also verified by means of
computational studies. The computational model predicted the
load distribution between two different shells of a double-walled
nanotube as a function of the number of cross-links. Figure 8(c)
shows the effect of the increasing number of cross-link on the
fraction of the load shared by the inner shell of a double-walled
nanotube.

Complementing the aforementioned in situ studies, where
single-shell failure was observed, Lee et al. [105] investigated
monolayer graphene sheets, which in essence are unrolled single-
walled carob nanotubes. The authors used AFM-based nanoinden-
tation to probe the mechanical response of graphene sheets.
Graphite flakes were mechanically deposited on a silicon substrate
with a circular array of wells, patterned by reactive ion etching.
Raman spectroscopy was used to find the regions on the substrate,
where the thickness of the graphite flakes corresponded to a
monolayer. In the identified regions, the freestanding graphene
film was indented using the AFM probes in contact force mode. A
Young’s modulus of 1 TPa and an intrinsic strength of 130 GPa
was reported, which is in good agreement with theoretical predic-
tion for pristine graphene sheet [106], as well as for defect-free
single-walled nanotubes [99]. Again, all these studies emphasize
the relevance of carefully designed experiments and thorough
analysis of experimentally acquired data to validate the theoretical
predictions.

4.3 Other One-Dimensional Nanostructures. The experi-
mental techniques discussed above have also been applied to
study nanostructures made of other semiconducting and metallic
materials such as gallium nitride (GaN), gold, silver, tellurium,
and silicon. We will briefly discuss experiments performed on
semiconducting gallium nitride and metallic gold and silver
nanowires.

Similarly to ZnO, a literature review reveals lack of agreement
in the mechanical properties of GaN nanowires. For instance,
Nam et al. [107] tested [120] oriented a-axis GaN nanowires us-
ing the in situ dynamic resonance experiments. They observed a
size-dependent elastic behavior, opposite in trend to the ZnO
nanowires, i.e., the Young’s moduli decreased from ~300 GPa
(bulk value for GaN) to ~225 GPa as the diameter decreased
from 84 nm to 36 nm. On the contrary, Ni et al. [108] performed
AFM bending tests on [0001] oriented c-axis nanowires (ranging
from 60 nm to 110 nm in diameter) by suspending them over a
microfabricated trench and measured an average value of
43.9x2.2 GPa for the Young’s modulus, independent of the wire
diameter. Although the wires investigated in these two studies
were differently oriented, the change in magnitude and trends of
the elastic moduli are quite drastic. Agrwal et al. [109] performed
in situ tension tests, using the n-MTS, to study both g-axis and
c-axis nanowires. For c-axis NWs, tensile tests revealed a size-
independent Young’s moduli of ~298 GPa, much higher than the
value reported by AFM bending tests, but consistent with the bulk
value for GaN [110]. For the a-axis nanowires, the Young’s modu-
lus was found to be ~213 GPa. Other than semiconducting nano-
wires, metallic nanowires have also drawn interest because of
their low resistivity and possible applications as interconnects in
microelectronic devices.

Metallic nanowires, being relatively soft and ductile as com-
pared with semiconducting nanowires, pose greater challenges re-
lated to handling and manipulation. In the AFM-based techniques,
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manipulation of individual nanowire is avoided as the wires are
randomly dispersed on a substrate with microfabricated trenches.
Using three-point bending technique, as described earlier, Wu et
al. [111,112] tested gold nanowires (Fig. 6(b)) and reported a size-
independent Young’s modulus of 7011 GPa for wires ranging
from 40 nm to 250 nm in diameter, which is in agreement with the
bulk value of 79 GPa. In contrast, Petrova et al. [113] reported
20-30% decrease in Young’s moduli of [100] and [110] oriented
nanowires depending on their orientation using time-resolved
spectroscopy technique. In this technique, laser induced heating is
used to coherently excite acoustic vibrations, and the time period
of vibrations is measured to determine the Young’s modulus. The
softening behavior, observed in spectroscopy experiments, was
also confirmed computationally by atomic tension [114,115] and
multiscale resonance simulations [116]. This behavior was attrib-
uted to surface stress-induced compression. In contrast to the elas-
tic softening observed for gold nanowires, Cuenot et al. [117]
reported size-dependent elastic stiffening for silver nanowires em-
ploying contact resonance based AFM technique. Young’s modu-
lus was reported to increases from a bulk value of 76—-140 GPa as
the diameter of the nanowires decrease from 70 nm to 30 nm. The
fundamental understanding of elastic softening versus stiffening
was enhanced by ab initio calculations [118], revealing that there
are two competing phenomena, which determine the overall be-
havior: (i) stiffening gained from the local electronic redistribu-
tion on the surfaces; and (ii) softening induced by coordination
number reduction due to missing neighbors. Although the simula-
tions predict trends consistent with experimental findings, there is
one discrepancy regarding the characteristic size at which the
elastic behavior deviates from bulk. For example, for silver nano-
wires, molecular dynamic simulations reveal that the surface ef-
fects are not prominent beyond 20 nm wire diameter [119] as
opposed to 70 nm found in experiments [117].

Apart from the elastic behavior, yield strength has also been
reported to depend on the nanowire size consistent with findings
of earlier studies on thin films and nanopillars. The yield strength
of gold nanowires was found to be 5.6 = 1.4 GPa for 40 nm nano-
wires as opposed to 3.5+ 1.1 GPa for larger 200 nm nanowires
[111]. For both wire sizes, the measured yield stresses were sig-
nificantly higher than the bulk value. Similarly, for silver nano-
wires, higher yield strengths of ~7.3 GPa were reported, as op-
posed to a value of 55 MPa for bulk silver. Using the n-MTS,
“necking” at stresses of ~2.0-2.5 GPa [120] was observed in
silver nanowires, as loads were applied in a displacement-
controlled fashion. The localized plastic deformation was ob-
served leading to failure at ~6% strain; however, the lower yield
stresses (as compared with AFM bending tests) were probably due
to the difference in morphologies of the nanowires tested. In gen-
eral, higher strength values as compared with bulk were hypoth-
esized to be due to dramatic reduction of defect density in the
nanowires and the absence or limited number of grains across the
nanowire diameter leading to limited emission and absorption of
dislocations at the grain boundaries. Computational studies on the
plastic behavior of nanowires also predict yield stresses close to
the theoretical strength of the material; however, a direct compari-
son with experiments is lacking due to a few major differences: (i)
simulations do not account for defects like missing surface atoms,
which are inevitable in the experimentally tested nanowires; (ii)
strain rates employed in MD simulations are orders of magnitudes
higher than the strain rates achieved experimentally; and (iii) the
accuracy of interatomic potentials, used to predict material prop-
erties, is not always known. Recently, Zhu et al. [121] analyzed
the strain-rate dependence on surface-driven dislocation nucle-
ation for copper nanowires under compression. They reported that
defect nucleation stress can be up to 50% lower at strain rates of
1073 s~! as compared with strain rates of 103 s~! (typically found
in MD simulations). In addition to the morphological differences
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and differences in time scales, the deformation mechanisms re-
vealed by the MD simulations are strongly dependent on the in-
teratomic force fields employed to model the interactions
[122,123].

In the earlier phases of development, interatomic potentials for
metals were generally developed by arbitrarily choosing certain
parameters so as to predict the bulk material properties accurately
[124]. In a recent development, Baskes et al. [125] introduced a
formalism, which avoids choosing parameters by fitting, but uses
first principal calculations of electron densities, embedding en-
ergy, pair potential, and angular screening functions. The im-
proved formalism provides a better qualitative agreement with the
experimental findings; however, there is no simple force field that
can accurately reproduce all relevant material properties. It bears
emphasis that the validation of these formulations by comparison
to experiments is in its infancy.

5 Concluding Remarks

It can be argued that theory, modeling, and experimentation at
the macroscale are quite mature. For instance, various instruments
and experimental protocols have been developed to characterized
materials and structures under a variety of loading states including
fracture and wave propagation. Similarly, continuum theories able
to predict material behavior, within a range of loading and defor-
mation conditions, have been advanced and used in engineering
design. By contrast, scaling down experiments from macroscale to
micro-/nanoscale has not been trivial, as highlighted by the ex-
amples discussed in this article. Likewise, continuum theories fail
to predict the material behavior at the nanoscale, as surface effects
and atomic electronic structures effects become relevant. To in-
clude such effects, modeling is done with atomistic details ac-
counting for proper interatomic interactions. The interactions are
accurately modeled when first principle calculations are carried
out, but such calculations have not been scaled beyond a few
hundred atoms because they are computationally too expensive.
Semi-empirical or empirical interatomic potential fields have been
developed by fitting bulk material properties, with which the
model sizes can be scaled up to a few million atoms but at a loss
of accuracy and predictive capability. To overcome this limitation,
multiscale methods based on quantum mechanics [126,127]
should be further developed so that larger simulations can be per-
formed while accounting for atomic scale effects.

In the area of experimentation, microfabrication together with
instrumentation possessing nanoscale resolution have played a
crucial role in the development of novel techniques for character-
ization at small scales. For example, thin film studies by wafer
curvature measurements, nanoindentation and bulge tests were
able to reveal plasticity size effects later investigated in free stand-
ing thin films through membrane deflection and in single crystal
micropillars through in situ electron microscopy experimentation.
These later developments made possible one-to-one comparisons
with discrete dislocation dynamics predictions of dislocation acti-
vation and annihilation leading to an in-depth understanding of
the reasons for the observed size effects. Similarly, for one-
dimensional nanostructures, a few indirect techniques, such as dy-
namic resonance and AFM-based nanoindentation, have been able
to correctly predict the qualitative size-dependent trends. Further
insight was gained when the MEMS-based nano-MTS in situ elec-
tron microscopy setup was employed, which provided unprec-
edented load and displacement resolution combined with real time
atomic imaging allowing correlation of material response to its
atomic structure without any assumptions. The strength of this
tool was highlighted with two examples—elasticity sized effects
in ZnO nanowires and ultimate fracture strength in CNTs—where
a direct comparison with computational studies was made pos-
sible. The full potential of such a unique technique has not been
yet reached in the context of metallic nanostructures, as it should
be possible to capture events such as nucleation and propagation
of dislocations. The current limitation is that these events leading
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to plasticity or failure happen over a very short time span (within
a few nanoseconds), which is much faster than the scan rate at
which imaging can be performed in electron microscopes. To in-
crease the temporal resolution of electron microscopes, dynamic
transmission electron microscopy (DTEM) [128,129] was recently
demonstrated, with imaging resolution of up to 15 ns. Merging of
state-of-the-art techniques, such as nano-MTS and DTEM, seem a
natural next step to further enhance the spatial, as well as the
temporal resolution of nanoscale experimentation. Along with
these advances in experimentation, advancements of computa-
tional methods are also necessary to facilitate direct comparisons.
This provides a clear direction for future research to further close
the gap between experimentation and computer simulations.
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