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In contrast to synthetic materials, evolutionary developments in
biology have resulted in materials with remarkable structural prop-
erties, made out of relatively weak constituents, arranged in com-
plex hierarchical patterns. For instance, nacre from seashells is
primarily made of a fragile ceramic, yet it exhibits superior levels
of strength and toughness. Structural features leading to this per-
formance consist of a microstructure organized in a hierarchical
fashion, and the addition of a small volume fraction of biopolymers.
A key to this mechanical performance is the cohesion and sliding of
wavy ceramic tablets. Another example is bone, a structural biolog-
ical material made of a collagen protein phase and nanoscopic min-
eral platelets, reaching high levels of toughness and strength per
weight. The design and fabrication of de novo synthetic materials
that aim to utilize the deformation and hardening mechanism of
biological materials such as bone or nacre is an active area of
research in mechanics of materials. In this review, our current
knowledge on microstructure and mechanics of nacre and bone
are described, and a review of the fabrication of nacre-inspired arti-
ficial and related materials is presented. Both experimental and
simulation approaches are discussed, along with specific examples
that illustrate the various approaches. We conclude with a broader
discussion of the interplay of size effects and hierarchies in defining
mechanical properties of biological materials.
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1. Introduction

Natural and biological materials can exhibit remarkable combinations of stiffness, low weight,
strength and toughness, which are in some cases unmatched by synthetic materials. In the past two
decades significant efforts were undertaken, by the materials research community, to elucidate the
microstructure and mechanisms that enable these mechanical performances. These efforts were facil-
itated by the advancement of experimental and theoretical tools to assess the relation between struc-
ture and properties. Novel concepts for the design of artificial materials mimicking them were also
advanced [1–5].

The mechanical performance of synthetic and natural materials is illustrated in Fig. 1. Fig. 1a de-
picts toughness versus Young’s modulus of synthetic materials such as metals, alloys and ceramics.
Fig. 1b is a material properties map for a selection of natural ceramics, biopolymer and their compos-
ites [6]. The upper left corner of the map shows relatively soft pure protein materials such as skin,
with a mechanical behavior similar to elastomers. The lower right corner of the chart shows stiff
but brittle minerals such as hydroxyapatite or calcite. Most hard biological materials incorporate
minerals into soft matrices, mostly to achieve the stiffness required for structural support or armored
protection [7]. These materials are seen in the upper right part of the map and show how natural
materials achieve high stiffness by incorporating minerals while retaining an exceptional toughness.
Alternatively, one can consider how natural materials turn brittle minerals into much tougher mate-
rials, in some cases only with a few percent addition of biopolymers. These materials have in general
relatively complex structures organized over several length scales (hierarchical structures [1,2]) lead-
ing to mechanisms that operate over several length scales, down to the nanoscale [8–10]. These hier-
archical, multi-scale structures are found in abundance virtually all throughout biology, where they
form a diverse range of materials that include bone, tendon (based on collagen), cells or skin. In some
cases, organisms are formed out of mineralized structures, such as the deep sea sponge Euplectella sp.
[11].



Fig. 1. Performance of engineered and biological materials in the stiffness–toughness domain. Subplot (a) depicts toughness
and stiffness values for synthetic materials, such as metals, alloys and ceramics (plot adapted from Ashby et al. [120]).
Subplot (b) compares the toughness and stiffness properties for a number of biological materials (plot adapted from
Fratzl et al. [121]). Biological composites, such as antler, dentin, bone and enamel are result of a ‘‘reinforcing” combination
of the protein toughness and the mineral-stiffness. Remarkably, all these materials lie – in contrast to biological materials –
on a so-called ‘‘banana-curve”, an inverse relation between increasing toughness an decreasing stiffness. The yellow
region shows the property region of high toughness and stiffness that may be accessible through designing bio-inspired
materials (For interpretation of the references to colour in this figure legend, the reader is referred to the web version of
this article.).
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Mollusc shells are an excellent example of such high-performance natural materials. Mollusks are
composed of at least 95% of minerals such as calcium carbonate (calcite, aragonite), a brittle mate-
rial, yet they exhibit a toughness �3000 times higher than calcite (see Fig. 1b), at the expense of a
small reduction in stiffness. How is such performance achieved? Can it be duplicated in artificial
materials? This review provides first an overview of the evolution of materials in Molluscs and other
organisms, along with their general characteristics. Then we focus on the detailed structure and
mechanics of nacre from Red Abalone, and include a discussion of other mineralized tissues and
organisms (e.g., bone). The comparison of bone’s structure with nacre provides the basis for a dis-
cussion of universal features found across a broader range of biological materials; suggesting partic-
ularly successful material concepts utilized to provide appropriate biological functionality.
Computational approaches, complementing experimental studies, will be reviewed and discussed
in the context of case studies of the analysis of deformation of nacre, bone and protein-based hier-
archical protein filaments, elucidating mechanisms of how biological materials can combine high
strength at high levels of robustness against catastrophic failure. Synthetic materials, inspired by
the intricate structure and mechanisms of nacre and bone, are discussed together with future trends
in biomimetic materials design approaches including materials that mimic the structure of biological
materials.
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1.1. Mollusc shells: overview

Molluscs appeared 545 million years ago, and comprise about 60,000 species [12]. They have a very
soft body (mollis means soft in Latin) and most of them grow a hard shell for protection. The earlier
molluscs were small (2–5 mm) with shell structures very similar to the modern forms. The size and
the diversity of the mollusc family increased dramatically 440–500 million years ago, with the appa-
rition of various classes. Currently the class which includes the largest number of species is the Gas-
tropoda, with about 35,000 living species. These include mostly marine species (Conch shell, top shell,
abalone), but also land species (land snails). The second largest class, the Bivalvia, counts about 10,000
species and includes clams, oysters and freshwater mussels.

The shell of molluscs is grown by the mantle, a soft tissue that covers the inside of the shell [13].
A great variety of shell structures has emerged from this process. They include prismatic, foliated
and cross lamellar structure, columnar and sheet nacre (Fig. 2). All of these structures use either cal-
cite or aragonite, with a small amount of organic material which never exceeds 5% of the composi-
tion in weight. In order to provide an efficient protection, the shell must be both stiff and strong.
Mechanical tests on �20 distinct species of seashells by Currey and Taylor [14] revealed an elastic
modulus ranging from 40 GPa to 70 GPa, and a strength in the range of 20–120 MPa. By comparison,
human femoral bone is softer (E = 20 GPa) but stronger (150–200 MPa strength). Amongst all the
structures found in shells, nacreous structures appear to be the strongest: The strength of nacre
can reach 120 MPa for the shell Turbo, as opposed to a maximum of 60 MPa for other non-nacreous
structures. The superior strength of nacre has been reconfirmed in several other recent studies [15–
19].

The shells of molluscs offer a perfect example of a lightweight, tough armor system, that now serve
as models for de novo armor designs. The structure and mechanical properties of the materials that
compose these shells are of particular interest, and they are the focus of numerous studies.
1.2. Multi-scale experimental and simulation analysis of biological materials

The analysis of material properties at multiple scales is a crucial issue in understanding biological
materials, as their structure changes with hierarchical level (and thus length-scale), and therefore
most material properties are strongly dependent on the scale of observation. Multi-scale experimental
and simulation analyses are the key to improve our systematic understanding of how structure and
properties are linked.

Experimental techniques have gained unparalleled accuracy in both length- and time-scales (see
Fig. 3), as reflected in development and utilization of Atomic Force Microscope (AFM) [20,21], mag-
netic and optical tweezers [22,23] or nanoindentation [24] to analyze biological materials [25]. Addi-
tional approaches based on MEMS testing of materials at micrometer length-scales provide exciting
opportunities to bridge the gap between the molecular nanoscale and macroscopic scales [26–29].

Modeling and simulation have evolved into predictive tools that complement experimental analy-
ses at comparable length- and time-scales. The use of bottom-up atomistic models based on the chem-
ical structure of materials has been a very fruitful approach in describing the behavior of complex
biological and natural materials, at length- and time-scales overlapping with experimental methods.
Fig. 3 shows how simulation and experimental approaches can be integrated to assess material prop-
erties across multiple time- and length-scales. In the following sections, we provide a brief review of
some widely used simulation methods.
1.2.1. Molecular dynamics
Atomistic molecular dynamics (MD) is a suitable tool for elucidating the atomistic mechanisms

that control deformation and rupture of chemical bonds at nano-scale, and to relate this information
to macroscopic materials failure phenomena (see, e.g., review articles and books [30–32]). The basic
concept behind atomistic simulation via MD is to calculate the dynamical trajectory of each atom
in the material, by considering their atomic interaction potentials, by solving each atom’s equation
of motion according to F = ma, leading to positions ri(t), velocities vi(t) and accelerations ai(t) .



Fig. 2. Mineral structures found in seashells: (a) columnar nacre; (b) sheet nacre; (c) foliated; (d) prismatic; (e) cross-lamellar;
(f) complex crossed-lamellar; (g) homogeneous. Reproduced with permission from [14].
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1.2.2. Multi-scale approaches
The integration of multiple simulation methods of different levels of accuracy into the description

of materials is referred to as multi-scale simulations. At smaller-scales, more accurate simulation
methods are used to feed parameters into methods that provide a coarse, computationally less expen-
sive description of materials. The seamless link between different methods (Fig. 3) provides a means to
bridge the scales from atoms (the level of chemistry) to the continuum.

The use of such methods is motivated by the fact that albeit being a very accurate description of
macromolecules, all-atom modeling approaches have historically been prohibitively extensive when



Fig. 3. Integration of multi-scale experimental and simulation approaches in the analysis of biological materials. The inlay
depicts the formulation of the molecular dynamics approach, by describing the individual energy contributions of bond
stretching, bending, rotation, etc [32].
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large systems and long simulation times must be considered. This lead to the development of coarse-
grained models [33], which provide simplified representations of macromolecules employing less de-
grees of freedom and simple bonded and non-bonded interactions that can be rapidly calculated in
each time step. Coarse-grained models have so far been successfully applied to a wide range of prob-
lems including protein folding, allostery, aggregation, molecular biomechanics as well as multi-scale
description of complex materials such as bone. The various approaches are briefly reviewed here.

Single bead models are perhaps the earliest approach taken for studying macromolecules. The term
single-bead derives from the idea of using single beads (masses) for describing each amino acid in a
protein structure. The Elastic Network Model (ENM) [34], the Gaussian Network Model (GNM) [35]
and the Go-model [36] are well known examples of this simplified approach. Using more than one
bead per amino acid can lead to a more detailed description of macromolecules. In the simplest case,
the addition of another bead can be used to describe specific side-chain interactions [37]. Four to six
bead models capture an even higher amount of detail by explicit or united atom description for back-
bone carbon atoms, side chains, carboxyl and amino groups of amino acids. A great example of this
approach is the coarse-grained models developed in Hall’s group for studying folding and aggregation
in proteins using discontinuous molecular dynamics [38,39]. More recently, coarser-level modeling
approaches have been applied to model biomolecular systems at larger time- and length-scales. These
models typically employ superatom descriptions that treat clusters of amino acids as ‘‘beads”, as
shown schematically in Fig. 4 for the case of tropocollagen molecules, the basic building block of bone.
In such models, the elasticity of the polypeptide chain is captured by simple harmonic or anharmonic
(nonlinear) bond and angle terms. Such methods are computationally quite efficient and capture
for example shape dependent mechanical phenomena in large biomolecular structures [40], and



Fig. 4. (a) Illustration of the coarse-graining approach for a simple one-dimensional fibrillar protein filament (single
tropocollagen molecule). This schematic illustrates how a full atomistic representation is coarse-grained and used in a
mesoscale model formulation. The mesoscale model formulation enables one to reach much larger time- and length-scales. The
systematic parameterization from the bottom up provides a rigorous link between the chemical structure of proteins (for
example, through their amino acid sequence) and the overall functional material properties. This computational approach is a
key component, as it provides us with the ability to reach microsecond- and micrometer length-scales. (b) Application of this
approach in elucidating the force-extension behavior of a 300 nm long tropocollagen molecule [83].
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can also be applied to collagen fibrils in connective tissue [41] as well as mineralized composites such
as bone [42]. A case study based on this method applied to bone will be presented in this review
article.
2. Nacre

Nacre from seashell is an example showing how evolution can lead to a high performance material
made out of relatively weak constituents. Nacre can be found inside many species of seashells from
the gastropods and bivalves groups (Fig. 5). Nacre is mostly made of a mineral (aragonite CaCO3,
95% vol.), arranged together with a small amount (5% vol.) of softer organic biopolymers [1]. While
mostly made of aragonite, nacre is 3000 tougher than aragonite [6]. The structures and mechanisms
behind this remarkable performance are examined in this section.



Fig. 5. The multiscale structure of nacre (all images from red abalone except g): (a) inside view of the shell; (b) cross section of a
red abalone shell; (c) schematic of the brick wall like microstructure; (d) optical micrograph showing the tiling of the tablets;
(e) SEM of a fracture surface; (f) TEM showing tablet waviness (red abalone); (g) optical micrograph of nacre from fresh water
mussel (L. cardium); (h) topology of the tablet surface from laser profilometry; (i, i0) TEM images showing single aragonite
crystal with some nanograins (rings on the SAD); (j, j0) HRTEM of aragonite asperity and bridge (For interpretation of the
references to colour in this figure legend, the reader is referred to the web version of this article.).
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2.1. Overview of nacre

Numerous mechanical experiments and models were therefore used to pinpoint which microstruc-
tural features are behind this performance, in the quest to duplicate them in artificial materials. It is
now widely recognized that tablet sliding is a key mechanism in the toughness of nacre [16–19,43].
Because this mechanism is controlled by the interface between the tablets, many efforts have focused
on investigating nanoscale mechanisms between the tablets [17,44–47]. More recently, it was shown
that these nanoscale mechanisms, while necessary, are not sufficient to explain the behavior of nacre
at the macroscale [19,43]. Another key mechanism is actually found at the microscale, where the wav-
iness of tablets generates progressive locking, hardening and spreading of non-linear deformation
around cracks and defects. The associated viscoplastic energy dissipation at the interfaces between
tablets greatly enhances the toughness of nacre, arresting cracks before they become a serious threat
to the shell and to the life of the animal. Nacre is therefore a perfect example of a natural material,
which developed a highly sophisticated microstructure for optimal performance, over millions of
years of evolution. The structure and mechanisms of this remarkable material are now inspiring the
design of the next generation of synthetic composites material.

This example illustrates how the occurrence of hierarchies provides the mechanistic basis for en-
ergy dissipation mechanisms at multiple scales. This does not only increase the macroscopic fracture
toughness but also provides an increased robustness against catastrophic materials failure, as multiple
possible mechanisms can be activated even when one or more of them fail to perform the desired
function.

2.2. Integration of structure and material

In biology, structural design and materials engineering is unified through formation of hierarchical
features with atomic resolution, from nano to macro. As many other biological materials, nacre has a
hierarchical structure, meaning that specific structural features can be found at distinct length scales.
At the millimeter scale the shell consists of a two-layer armor system, with a hard outer layer (large
calcite crystals) and a softer but more ductile inner layer (nacre, Figs. 5a and b). Under external
mechanical aggressions the hard calcite layer is difficult to penetrate, but is prone to brittle failure.
Nacre, on the other hand, is relatively ductile and can maintain the integrity of the shell even if the
outer layer is cracked, which is critical to protect the soft tissues of the animal. This design of hard
ceramic used in conjunction with a softer backing plate is believed to be an optimal armor system
[1]. Furthermore, within the nacreous layer itself there are a few sub-layers of weaker material, the
so called growth lines [48] which may act as crack deflectors [49].

The microscale architecture of nacre resembles a three dimensional brick and mortar wall, where
the bricks are densely packed layers of microscopic aragonite polygonal tablets (about 5–8 lm in
diameter for a thickness of about 0.5 lm) held together by 20–30 nm thick layers of organic materials
(Fig. 5c–e). The tablets in nacre from abalone shell and other gastropods are arranged in columns
(columnar nacre), while the tablets in nacre from bivalve such as mussels or oyster are arranged in
a more random fashion (sheet nacre). Remarkably, the arrangement and size of the tablets in nacre
is highly uniform throughout the nacreous layer. Optical microscopy on a cleaved nacre surface re-
veals Voronoi-like contours (Fig. 5d), with no particular orientation within the plane of the layer
[19,43,50].

While the tablets are generally described and modeled as flat at the microscale [18,44], they actu-
ally exhibit a significant waviness [19,43]. This feature could be observed using optical microscopy,
scanning probe microscopy, scanning and transmission electron microscopy. Tablet waviness is not
unique to nacre from red abalone (Fig. 5f); it was also observed on another gastropod species (top shell
Trochus niloticus, Fig. 5h), and in a bivalve (freshwater mussel Lampsilis Cardium, Fig. 5g). The waviness
of the tablets can be also observed for many other species in the existing literature [1,51–55]. For the
case of red abalone, laser profilometry was used to measure a roughness (RMS) of 85 nm, for an aver-
age peak-to-peak distance of 3 lm [19,43]. The roughness can reach amplitudes of 200 nm, which is a
significant fraction of the tablet thickness (450 nm, Fig. 5f–h) [19,43]. The waviness of the tablets is
highly conformal so that the tablets of adjacent layers fit perfectly together.
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Nacre exhibits structural features down to the nanoscale. While transmission electron microscopy
suggest that the tablets are made of large aragonite grains with a few inclusions of nanograins (Fig. 5i
and i0) [1,10], recent scanning probe microscopy observations suggests, indirectly, that the tablet are
nanostructured, with grains in the 30 nm range [56,57]. These nanograins have all the same texture
and they are delimited by a fine network of organic material [57]. At the 20-30 nm interfaces between
the tablets, nanoscale features can also be found. The organic material that fills this space and bonds
the tablets together is actually composed of several layers of various proteins and chitin [45,58]. These
sheets of organic layers contain pores with a 20–100 nm spacing, leaving space for two types of ara-
gonite structures: nanoasperities (Fig. 5j) and direct aragonite connections across the interfaces (min-
eral ‘‘bridges” connecting tablets, Fig. 5j0). These nanoscale features were observed using scanning
probe microscopy [10,55], scanning electron microscopy [13,17] and transmission electron micros-
copy [10,13,46]. The height and width of these features varies from 10 to 30 nm while their spacing
is in the order of 100–200 nm [10]. The density, size and shape of these asperities can vary signifi-
cantly from one area to another (Fig. 6).

2.3. Deformation of nacre

The deformation behavior of nacre has been studied experimentally using a variety of configura-
tions including uniaxial tension [19,43,59,60], uniaxial compression [10,61], three and four point
bending [16,17] and simple shear [19,43]. The behavior of nacre at high strain rates was also explored
[61]. Most of these tests were performed on millimeter size specimens. Smaller scales experiments
were also used to determine the mechanical response of the individual components of nacre, including
nanoindentation on single nacre tablets [10,55,62], and load–extension curves on single molecules of
organic materials [45]. At the macroscale, the most striking mode of deformation is in uniaxial tension
along the directions of the tablets (it is also the most relevant mode of deformation for nacre within
Fig. 6. 2 lm � 2 lm AFM scans from different areas of a cleaved specimen of nacre, showing the surface of the tablets.
Asperities of various densities, heights and shapes could be observed. Reproduced with permission from [10].
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the shell). Fig. 7a shows the tensile behavior of nacre, showing some ductility at the macroscale
(Fig. 7a and b). The stress–strain curve shows relatively large deformations, accompanied by harden-
ing up to failure at a microscopic strain of almost 2%. Full strain field measurement revealed local
strain values well in excess of 2% [60]. The transition from elastic to inelastic behavior is progressive
(rounding of the curve), which probably results from the statistics of the microstructure. Unloading
paths show a decrease in modulus, which indicates progressive accumulation of damage. The tensile
behavior of aragonite is also shown in Fig. 7a: linear elastic deformation followed by sudden, brittle
failure at small strains. Nacre, although made of 95% of that mineral, exhibit a ductile-like behavior
with relatively large failure strains.

This remarkable behavior is achieved by the following microscopic mechanism: at a tensile stress
of about 60 MPa the interfaces start to yield in shear and the tablets slide on one another, generating
local deformation. This phenomenon spreads over large volumes throughout the specimen, which
translates into relatively large strains at the macroscale. Once the potential sliding sites are exhausted,
the specimen fails by pullout of the tablets (see fracture surface, Fig. 5e), which occurs after local slid-
ing distances of 100–200 nm. This type of micromechanism is unique to nacre, and it is the main
source of its superior mechanical properties. For this reason numerous models were developed to cap-
ture this behavior [16,18,19,43,63].

In order to achieve such behavior, however, some requirements must be met. First, the interface
must be weaker than the tablets; otherwise, the tablets would fail in tension before any significant
sliding could occur, which would lead to a brittle type of failure. Strong tablets are important in this
regard, and it was shown that their small size confer them with increased tensile strength compared
to bulk aragonite [8,59]. It has also been suggested that the presence of nanograins provides some duc-
tility to the tablets [64]. This would increase the tensile strength of the tablets, but would not signif-
icantly affect the deformation mode of nacre, which is dominated by tablet sliding. In addition, the
Fig. 7. (a) Experimental tensile stress–strain curve for nacre and (b) associated deformation modes. (c) Experimental shear
stress–strain curve for nacre and (d) deformation mechanism. Tablet waviness generates resistance to sliding, accompanied by
lateral expansion (red arrows) (For interpretation of the references to colour in this figure legend, the reader is referred to the
web version of this article.).
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aspect ratio of the tablets must be high enough to maximize sliding areas and produce strong cohesion
within the material [65]. However, the aspect ratio is bounded by the fact that too thin tablets would
lead to premature tablet failure and brittle behavior. Another fundamental requirement is that some
hardening mechanism must take place at the tablet level (meso scale) in order to spread sliding
throughout the material. As tablets start to slide, higher stresses are required to slide them further
so that it is more favorable for the material to initiate new sliding sites, thus spreading deformation
over large volumes. Since the tablets remain essentially elastic in this process, the hardening mecha-
nism has to take place at the interfaces. The best approach to interrogate the behavior of the interface
directly is a simple shear test along the layers [19,43]. Shear stress–strain curves reveal a very strong
hardening and failure at shear strains in excess of 15% (Fig. 7c). The full strain field, measured by im-
age correlation technique, also captures a significant expansion across the layers [19]. This important
observation suggested that the tablets have to climb obstacles in order to slide on one another. Either
in tension or shear, strain hardening is the key to large deformation and is essential to the mechanical
performance of nacre.

From this observation it is clear that the performance of nacre is controlled by mechanisms at the
interfaces between these tablets. In particular, it is important to identify which mechanisms generate
resistance to shearing and hardening. Several proposed nanoscale mechanisms (Fig. 8) are discussed
next.

First, the tough organic material at the interfaces (Fig. 8a) has an extremely strong adhesion to the
tablets [16,45]. Some of the molecules it contains include modules that can unfold sequentially under
tensile load, enabling large extensions [45] and maintaining cohesion between tablets over long slid-
ing distances. The load–extension curve of a single protein shows a saw tooth pattern, where each
drop in load corresponds to the sequential unfolding of the molecule [45]. When a bundle of these
molecules is considered, however, the unfolding processes would operate more or less at constant
load. Only when all the modules have unfolded does the chain stiffen significantly (at least upon a
100 nm extension [45]). If this type of molecule is attached to adjacent tablets to ensure their cohe-
sion, little hardening should be expected from them, at least in the first 100 nm or so of tensile or
shear deformation of the interface. This type of extension is on the order of the sliding distance ob-
served in nacre tensile specimens, and therefore no significant hardening could be generated by the
polymer during the tensile deformation of nacre. In the simple shear test, however, the shear strains
at the interface are much higher and the polymer may contribute to the hardening observed at the
macroscale.

Another nanoscale mechanism is controlled by the nanoasperities on the surface of the opposed
tablets, which may enter in contact and interact as the interface is sheared (Fig. 8b). This mechanism
was proposed as a source of strength and hardening at the interfaces [17,44]. The strength of aragonite
is sufficient for the nanoasperities to withstand contact stresses with very little plasticity [10]. How-
Fig. 8. Nanoscale mechanisms controlling the shearing of the tablet’s interfaces: (a) biopolymer stretching; (b) aragonite
asperities contact; (c) aragonite bridges initially intact (left), and then showing some potential relocking after shearing (right).
Adapted with permission from [47].
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ever, the small size of these asperities restricts the range of sliding over which they provide hardening
to about 15–20 nm [44], which is much smaller than the sliding of 100–200 nm observed experimen-
tally. Beyond sliding distances of 15–20 nm, one must therefore assume that the resistance provided
by nanoasperities remains constant (as shown in [44]).

The third nanoscale mechanism at the interface is associated with the aragonite bridges (Fig. 8c).
These bridges may act as reinforcements for the interfaces, and probably influence the overall behav-
ior of nacre [46]. However, given the brittleness of aragonite, they could not generate much resistance
to tablet sliding after failure, which probably occur at small interface shearing strains. After some slid-
ing distance another mechanism was suggested, where broken bridges re-enter in contact, thereby
generating re-locking of the tablets (Fig. 8c [47]). This mechanism has, however, not yet been
demonstrated.

While the three nanoscale mechanisms described above contribute to the shearing resistance of the
tablet interfaces, they cannot generate the level of hardening required for the spreading of non-linear
deformations observed at the macroscale. In addition, none of these mechanisms could generate the
transverse expansion associated with shearing of the layers (Fig. 7c).

A fourth mechanism was proposed by us where the hardening mechanism is generated by the wav-
iness of the tablet surfaces [19,43]. As the layers slide on one another, the tablets must climb each oth-
ers waviness, which generates progressive tablet interlocking and an increasing resistance to sliding.
In addition, such mechanism could generate the observed transverse expansion, while the organic
glue and bridges within the tablet cores maintain the tablets together. While this mechanism can eas-
ily be envisioned in simple shear (Fig. 7d), it is less obvious in tension, because tablet sliding only oc-
curs in the tablet overlap areas. Close examination actually reveals that waviness also generated
locking in tension. Fig. 9a shows an actual image of the structure of nacre. Tablet waviness is evident,
and it can be seen that it generates dovetail like features at the end of some tablets. Such structure,
loaded in tension, will generate progressive locking and hardening at large scales (Fig. 9b). Microstruc-
ture based three dimensional finite element models have actually demonstrated that waviness is in-
deed the key feature that generates hardening in nacre [19,43]. Even though some of the nanoscale
mechanisms of Fig. 8 are required to maintain cohesive strength between tablets, waviness is required
for hardening. Such hardening mechanism has a significant impact on the toughness of nacre, as de-
scribed in the next section.

In order to capture the micromechanics involved in the tensile deformation of nacre, a three-
dimensional finite element model of the structure of nacre was created. The aim was to generate a
representative volume element (RVE), whose overall mechanical response is representative of the
behavior of nacre at the macroscale (Fig. 10a). For this reason a large number of tablets was included
in the model, about 300 tablets over two layers, in order to capture the actual tablet shapes and
arrangement. Periodic boundary conditions were imposed along all three directions [19,43]. The
Fig. 9. (a) Scanning electron micrographs of a few dovetail like features at the periphery of the tablets. (b) Outline of the tablets
contours, showing some of the stresses involved when nacre is stretched along the tablets. In addition to shear the interface is
subjected to normal compression (black arrows) which generates resistance to tablet pullout. Equilibrium of forces at the
interfaces requires tensile tractions at the core of the tablets. Reproduced with permission from [60].



Fig. 10. (a) RVE model with cohesive interfaces. (b) Cohesive law implemented at the interfaces. (c) Experimentally obtained
AFM pullout curve of some of the molecules that compose the biopolymer at the interface of nacre (reproduced with permission
from [45]).
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waviness of the tablets was obtained from actual micrographs of opposed cleaved faces of nacre (as in
Fig. 5h) superimposed to recompose the arrangement of the tablets from one layer to the next [19].
The superposition was done by using features such as tablet layers steps or specimen corners, which
can be accurately located on both cleaved faces (these features were not included to generate the RVE
model). The tablets were modeled as transversely linear elastic, with parameters from single crystal
aragonite, as measured by nanoindentation [10]. Following the crystallographic orientation of arago-
nite in nacre, the elastic constants along the [1 0 0] and [0 1 0] were averaged in the plane of the tab-
lets to obtain EP = 106 GPa, EZ = 82 GPa, mP = 0.3, mZP = 0.06, GZP = 33.45 GPa, where P indicates the
direction in plane of the tablets and Z indicates the out of plane direction. In order to model the inter-
action between the tablets, cohesive elements [66–69] were inserted on the tablet’s faces and sides.
Tension and shear of the interface were assumed to be dominated by the stretching of biopolymeric
chains. The mechanical response of the element was therefore controlled by the separation distance,
or effective displacement jump across the interface. This displacement jump controlled the traction
across the interface via the cohesive law (Fig. 10 a and b), which include both shear and normal com-
ponents [19]. In order to prevent tablet interpenetration and to account for the interface thickness, its
behavior in compression was modeled with interface parameters derived from compression experi-
ments on nacre [10,19]. The main feature of the cohesive law is a constant cohesive strength over a
large sliding distance (no hardening, Fig. 10b), which is consistent with biomolecular unfolding at a
constant load (Fig. 10c). It is worthwhile noting that while the cohesive elements have zero thickness,
the actual thickness of the interface was included in the derivation of their stiffness. The parameters of
the cohesive law (initial slope, strength) were determined from compression and simple shear exper-
iments [19]. The end of the plateau region was set to 250 nm, which is the maximum tablet separation
observed on post-mortem tensile specimens. At this point the biopolymer could either stiffen or pro-
gressively fails (Fig. 10b). While this is an important feature of the cohesive law, this stage was never
reached in the tensile RVE simulations (the maximum computed tablet separation was 180 nm). This
cohesive law, while mostly based on macroscopic measurements, includes in a homogenized sense all
the nanoscale mechanisms present at the interface: deformation of the confined biopolymer and
nanoasperities contact interactions. More sophisticated cohesive formulations (not discussed here)
were also used to capture specific features associated with the biopolymer constitutive response [50].
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In order to investigate the effect of tablet waviness on the overall response of nacre, a ‘‘flat” model
was generated with perfectly flat tablets (no roughness), and a ‘‘wavy” model was generated by di-
rectly implementing the surface topology measured by profilometry (Fig. 5h). To simulate macro-
scopic uniaxial tension the RVE was stretched until the model ceased to converge, which was
associated with instability and actual failure of the material in tension.

The simulations showed that the model with flat tablets rapidly lead to localization of deforma-
tions and premature failure of the model (Fig. 11a and c). This confirms that while a material capable
of maintaining cohesion over large displacements is necessary at the interface, it is not sufficient to
provide the required hardening. A small amount of inelastic deformation was still observed, which
was attributed to the tablet overlap statistics captured by the model. On the other hand, when tablet
waviness was included, the strength and hardening observed experimentally was captured by the
model (Fig. 11a, b, and d). This demonstrates that even without hardening at the local (nano) scale,
hardening is generated by the waviness of the tablets. Some of these microscale features can readily
be observed on micrographs of nacre. Fig. 11b shows a typical cross section, with the waviness of the
tablets generating a geometry that resembles a dovetail. Such hardening feature is also present in the
RVE model, as a natural outcome of using real tablet contours and waviness. Pulling the tablets apart
generates significant compressive stresses across the tablets in the sliding areas, which impedes tablet
separation. This mechanism is sufficiently strong to spread inelastic deformations throughout the represen-
tative volume element and to generate hardening at the macroscale. These simulations therefore demon-
strated that waviness is an essential ingredient in the hardening mechanism of nacre. The implications
on its fracture toughness are explored next.

2.4. Fracture of nacre

Many flaws are present within nacre, for instance, porosity and defective growth, Fig. 12. These
flaws are potential crack starters that can eventually lead to catastrophic failure under tensile loading
Fig. 11. (a) Tensile stress–strain curves from experiment along the tablets, and from RVE models with and without waviness.
(b) Model of nacre showing dovetail geometries. (c) Displacement contours (along the x-axis) showing early deformation
localization for the flat tablets case. (d) Deformation spreading throughout the RVE for the wavy case (the RVE strain is 0.2% for
both c and d).



Fig. 12. (a) Large defect inside the nacreous layer (SEM). (b) ‘‘Stacking fault” in the tablet layers (TEM).
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[70]. For a material like nacre defects cannot be eliminated so the only alternative is to incorporate
robustness in the material design such that cracks that might emanate from them are resisted. The
resistance to cracking can be assessed with fracture testing [1,16]. However it is only recently that
the full crack resistance curve (toughness as function of crack advance) was determined for nacre from
red abalone [60] (Fig. 13).

As the far field stress is increased on the fracture specimen, a white region appears and progres-
sively increases in size (Figs. 13a and b) with the crack embedded in the region and trailing its bound-
ary. The mechanistic details of this region were revealed by scanning electron microscopy postmortem
observations. Fig. 13d shows the microstructure along a strip starting at the crack surface. Tablet slid-
ing and interface openings (voids) over many rows of tablets are observed. Note that the magnitude of
the opening decreases slightly with distance for the crack surface. These voids produce light scatter-
ing, which results in the white region observed during optical microscopy.

In the literature dealing with fracture mechanics, such inelastic region is referred to as process zone
[70]. The process zone reached about 1 mm in width (Fig. 13b) when the crack started to propagate at
a J-integral value of J0 = 0.3 kJ/m2, which is already 30 times higher than the toughness of pure arago-
nite (�0.01 kJ/m2). During the fracture test the crack propagated slowly in a very stable fashion that
Fig. 13. (a) Prior to crack advance a tablet sliding zone develops ahead of the crack tip. (b) As the crack advances it leaves a
wake of inelastically deformed material (a and b: optical images; red arrow shows location of crack tip at the onset of crack
propagation and the steady state regime). (c) Crack resistance (JR) curves for nacre from two experiments [60]. (d) SEM pictures
of the damaged zone. The tablets sliding leads to openings at multiple tablets interfaces: the damage is spread far from the main
crack (For interpretation of the references to colour in this figure legend, the reader is referred to the web version of this
article.).



Fig. 13 (continued)
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resembled tearing rather than the fast, catastrophic crack propagation typical to ceramics. The crack
resistance curve is shown in Fig. 13(c), which shows that toughness increases significantly with crack
advance Da. Such rising crack resistance curves have also been observed in dentin enamel [71] and
bone [72]. Cracks in such materials tend to be very stable; upon propagation they tend to slow down
and can even be arrested. The rising crack resistance curve and high toughness of nacre was associated
with the formation of the large, whitened region of inelastic deformation around the crack using frac-
ture mechanics models [60].

By considering the energy dissipated upon an incremental crack extension or by straight use of the
J-integral definition one can show that in the steady-state the initial (intrinsic) toughness J0 is aug-
mented by an energy dissipation term [70]:
Jss ¼ J0 þ 2
Z w

0
UðyÞdy ð1Þ
where w is the process zone width and U(y) is the energy density, i.e., the mechanical energy (includ-
ing dissipated and stored energies) per unit area per unit thickness in the z-direction, behind in the
wake as x ?1 [73]. The analysis shares similarities with toughening in rubber toughened polymers
[74,75] and toughening in transforming materials [73]. The exact calculation of U(y) from strain fields
requires accurate knowledge of the material constitutive law under multiaxial loading, including hys-
teretic unloading. Currently such constitutive description is only partially available for nacre. An esti-
mate of the increase in J, in the steady-state, can be obtained, however, if one assumes that (i) the
inelastic deformation associated with tablet sliding is the prominent energy dissipation and toughen-
ing mechanism (i.e., the effects of shear and transverse expansion in the wake, as well as elastic ener-
gies trapped outside of the wake are negligible); (ii) the stress ryy around the tip can be predicted from
the uniaxial tensile response (Fig. 7a); and (iii) the residual strain eyy in the wake decreases linearly
from the crack face to the edge of the wake, as suggested by experimental observations. Then, the total
J (Fig. 14) can be written as,
Jss � J0 þ 2
Z w

0

Z eyyðyÞ

0
rðeÞde dy ð2Þ
The upper bound of the inner integral, eyy(y), is the residual strain across the direction of the crack
at x ? �1 (which decreases linearly with y). The integration of the loading–unloading histories across
the width of the wake (2w = 1 mm) yields an increase of toughness of 0.75 kJ/m2. Combined with the
initial toughness, the predicted steady state toughness is therefore 1.05 kJ/m2. This value is lower than
the experimental maximum toughness, of about 1.6 kJ/m2, but shows that dissipative energies asso-
ciated to elastic deformation, tablet sliding and associated dilation of the material are significant con-
tributors to the toughening of nacre. In comparison, the contribution of other mechanisms such as
crack deflection or crack bridging [76–78] are negligible. Note that this type of toughening is made
Fig. 14. Schematic showing the J contour used in the model (adapted from [70]).
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possible by (i) spreading of nonlinear deformations and (ii) its associated energy dissipation. Advances
in the constitutive description of nacre accounting for anisotropic inelastic effects will make possible a
better quantification of Jss.

In order to gain additional insight into the details of the toughening mechanisms operating in
nacre, three-dimensional numerical simulations of the fracture process at the microstructural level
would be useful. Unfortunately, such simulations are extremely expensive because they require
three-dimensional microscopic details over the entire process zone, which is several millimeters in
size. As an intermediate step between the analytical model and a full three-dimensional model, a
two-dimensional microstructure-based fracture model of nacre was developed. The model was gener-
ated based on a composite image of about fifty scanning electron microscopy images of polished nacre
from red abalone (Fig. 15a). The size of the model was 85 lm by 155 lm, and the orientation of the
model was set so that the crack propagates across the tablet layers. The actual tablet contour was used
to generate a ‘‘wavy” model (Fig. 15b), and a ‘‘flat” model was generated by straightening the inter-
faces (Fig. 15c). Two-dimensional versions of the cohesive elements used in the three-dimensional
RVE were inserted between the tablets. The model, although of significant size, is still smaller than
the process zone, and for this reason far field displacements could not be applied on the boundary.
Instead, displacements measured experimentally using digital image correlation (Fig. 15d) were pre-
scribed as boundary conditions on the model. These displacements were progressively increased, fol-
lowing the experimental measurements.

Fig. 16 shows the amount of tablet sliding ahead of the crack tip at increasing J values for both wavy
and flat models. As J was increased, a clear difference appeared between flat and wavy models. In the
flat model, tablet opening was significant and mostly localized in the plane of the crack. The final
frame shows an actual crack (displacement jump > 600 nm) propagating across the model. On the
Fig. 15. (a) Two dimensional finite element model of nacre based on actual SEM images. (b) Detail of the wavy model. (c) Detail
of the flat model. (d) Experimental vertical displacements around a crack advancing in a nacre specimen. The rectangle shows
the size of the finite element model.



Fig. 16. Evolution of tablet opening for increasing applied J for flat and wavy models. The black lines highlight the interfaces for
which the displacement jump is greater than 20 nm. The red lines highlight the interfaces for which the displacement jump is
greater than 600 nm (For interpretation of the references to colour in this figure legend, the reader is referred to the web version
of this article.).

1078 H.D. Espinosa et al. / Progress in Materials Science 54 (2009) 1059–1100
other hand, the wavy model resisted cracking by spreading the inelastic deformation over an increas-
ingly large region. The simulations highlight the role of tablet waviness as a requirement to spread
inelastic deformations around cracks, which in turn result in crack extension toughening.

2.5. Other biological and natural materials

The discussion of nacre in the previous sections revealed important general characteristics of
biological materials, which are found broadly in many other materials. The most notable feature of
biological materials is that they form hierarchical structures, formed through self-assembly of
smaller-scale constituents. Exploiting this general feature, the use of self-assembly to form hierarchi-
cal materials, for engineering material design remains a great challenge and opportunity of current
materials research. In this section we briefly review structures of other mineralized biological tissues
and organisms and point out the relation between structure and properties.
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2.5.1. Structure of bone and associated deformation and fracture mechanisms
One of the most intriguing materials found in Nature is bone, a material composed out of assem-

blies of tropocollagen molecules and tiny hydroxyapatite crystals, forming an extremely tough, yet
lightweight material [79,80]. Bone has evolved to provide structural support to a variety of organisms,
and therefore, its mechanical properties are of great physiological relevance. Fig. 17 shows the hierar-
chical structure of bone, showing its seven hierarchical levels, and their relation to the mechanisms
associated with mechanical deformation [79]. It is noted that bone is a very complex biological
material, and currently we are only at the beginning of understanding quantitatively how this material
deforms, fails and breaks and what type of mechanisms operate at various structural length- and time-
scales. However, the advent of multi-scale experiments and novel theoretical and computational tools
now enables the analysis of bone as a ‘‘material” with rigorous physical science techniques and great
advances in the understanding of bone are expected in the years to come.

The basic building blocks of bone are collagen protein filaments and hydroxyapatite mineral crys-
tals, which form so-called level 1 bone. These two constituents form the major structural ingredients
in bone, together with a few non-collagenous proteins. The smallest scale hierarchical features of bone
include the protein phase composed of tropocollagen molecules, collagen fibrils as well as mineralized
collagen fibrils, referred to as level 2 bone. The collagen phase provides elasticity and the ability to dis-
sipate energy under mechanical deformation. In the following paragraphs we provide a detailed
description of the different levels and material components found in bone.

Collagen is one the most abundant proteins on Earth, forming a fibrous structural protein with supe-
rior mechanical properties. In addition to its importance in bone, collagen is universally found in many
other biological materials, where it plays an important mechanical function. Other collagen-based
materials include tendon, cartilage, skin, and the eye’s cornea. Collagen is thus arguably the most
Fig. 17. Hierarchical multi-scale structure of bone, showing seven hierarchical levels, and their relation to the mechanisms of
mechanical properties (inlays in level 4–7 bone reprinted with permission from Weiner et al. [79]). The left panel shows the
characteristic structural features; the right panel indicates associated deformation and toughening (fracture resistance)
mechanisms.
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important structural protein in biology with multiple functions, and has been studied extensively in the
past decades. Whereas early studies of collagen were focused on structural characterization, investiga-
tions in recent years increasingly focused on mechanical properties and their relation to biomedical
processes and properties. Collagen consists of triple helical tropocollagen molecules (as shown in
Fig. 18) that universally have lengths of approximately 300 nm (found across many species and types
of collagen tissues) with a diameter of approximately 1.5 nm. Each tropocollagen molecule consists of a
characteristic spatial arrangement of three polypeptides in a triple helical ‘‘nanorope” geometry, stabi-
lized by H-bonding between different residues. Every third residue in each of these molecules is a gly-
cine (GLY) amino acid, and about one fourth of the tropocollagen molecule consists of proline and
hydroxyproline. The structure of collagen has been known since classical works focusing on the devel-
opment of models that showed how tropocollagen molecules are stabilized by H-bonds [81] (see
Fig. 18a, right panel, yellow dashed lines represent H-bonds). Severe mechanical tensile loading of col-
lagen is significant under physiological conditions in various related tissues, representing one of its key
performance features, as shown by its ability to stretch up to 50% tensile strain before breaking (under
significant stiffening of the tangent modulus from zero to a few hundred MPa below 5% strain, 3–6 GPa
at 10% strain, and up to 50 GPa immediately before rupture beyond 30–50% strain) while reaching force
levels of more than 10 nN (per molecule), or 10–20 GPa stress (obtained by normalization of the force
by the cross-sectional area of the molecule) [22,82–85]. Fig. 18b shows a tensile test of a tropocollagen
molecule for deformation up to 40% strain. The plot also shows the progression of H-bond breaking as
the molecule unravels [85]. Thereby, the breaking of H-bonds between 10 and 20% strain provides a
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Fig. 18. Structure and nanomechanics of a triple helical tropocollagen molecule, the basic protein building block of bone.
Subplot (a) shows the structure of this protein molecule; in the right plot the H-bond structure is depicted via the yellow thick
dashed lines. Subplot (b) depicts the force-extension behavior, here shown up to 40% strain [85]. The plot also includes an
indication of the number of H-bonds. (Left part of subplot (a) reprinted with permission from Bhattacharjee and Bansal) (For
interpretation of the references to colour in this figure legend, the reader is referred to the web version of this article.).
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major mechanisms that mediates deformation. The breaking of H-bonds is the basic mechanism that
mediates large deformation of collagen fibrils, until the protein’s backbone is being stretched and even-
tually ruptures; breaking of H-bonds is a reversible process and may thus provide a mechanism to dis-
sipate energy through large-deformation behavior of the soft collagen matrix of bone.

At larger length-scales, staggered arrays of tropocollagen molecules form collagen fibrils, which ar-
range to create collagen fibers. Collagen fibrils are of particular significance for bone as they provide
the structural template for bone formation. During bone formation, these fibrils become mineralized,
when tiny mineral crystals of some form of hydroxyapatite form in the gap regions of the collagen fi-
brils, growing as the bone tissue becomes more mature. These mineralized collagen fibrils are highly
conserved nanostructural building blocks of bone. The mineral crystals grow to sizes of a few tens of
nanometers, but remain very thin (1–2 nm) in the out-of-plane direction. Arrays of fibrils, connected
by a protein phase that provides additional dissipative properties, form fibril arrays referred to as level
3 bone. From level 0 to level 3 bone, different bone types feature a remarkable universality in their
structural appearance. In other words, the smallest structural features in bone appear universally
across species and for many different bone types. Fibril arrays in random, parallel, tilted or woven ori-
entations form various fibril array patterns in level 4 bone. The bundled fibrils form collagen fibers
which are organized at microstructural length-scales into a lamellar structure with adjacent lamellae
being between 3 and 7 lm thick [86]. A characteristic cylindrical structure called osteons forms level 5
bone, providing a mechanism for constant remodeling of bone tissue (also referred to as Haversian
systems). These structures are up to 200–300 lm diameter, composed of large vascular channels
(�50–90 lm diameter) and are surrounded by circumferential lamellar rings, with so-called ‘‘cement
lines” at their outer boundaries. The osteons contain cells that provide the ability to dissolve and re-
new bone, which provides adaptability to the structural properties. The bone remodeling process is
crucial for bone properties, illustrating that bone is by no means a static material. Instead, it is a highly
dynamic, ‘‘living” material that constantly changes its structure. This must be considered in under-
standing the mechanical properties of bone tissue, and its characterization within existing materials
science concepts (primarily used for the analysis of ‘‘dead” materials) remains a challenging topic. Lar-
ger-level structures of bone (levels 6 and 7) include the characterization as spongy or compact bone
and the overall structural shape of bone in our body.

Fig. 19 shows a nanomechanical analysis of bone deformation, along with structural mechanistic
details of the associated deformation mechanisms. This result was obtained by a combination of
molecular dynamics simulation and theoretical analysis, where it has been shown that the charac-
teristic nanostructure of mineralized collagen fibrils is vital for its high strength and its ability to
sustain large deformation, as relevant to the physiological role of bone, creating a strong and tough
material. Fig. 19a plots the stress–strain response of a pure collagen fibril compared with that of a
mineralized collagen fibril, under tensile loading, for tensile strains up to 50%. The stress–strain re-
sponses for both structures are qualitatively and quantitatively different, indicating that precipita-
tion of hydroxyapatite crystals during bone formation significantly alters the material response.
The mineralized collagen fibril features a larger strength and much increased energy dissipation un-
der deformation. Plastic deformation starts at approximately 6.7% tensile strain for the mineralized
fibril, whereas it occurs at approximately 5% tissue strain in the case of a pure collagen fibril. Fur-
ther, the mineralized collagen fibril shows significant softening at larger strains, with a characteristic
saw tooth shaped stress–strain curve due to repeated intermolecular slip. The mineralized fibril fea-
tures a higher stiffness than the pure collagen fibril. Fig. 18b and c show snapshots of the molecular
geometry under increasing tensile load, clearly showing the deformation mechanism of intermolec-
ular slip. Fibrillar yield is characterized by intermolecular slip (see red circle highlighting a local area
of repeated molecular slip). Slip leads to formation of regions with lower material density, as can be
seen in the images.

This analysis of the molecular mechanisms of protein and mineral phases under large deformation
of mineralized collagen fibrils revealed a fibrillar toughening mechanism that leads to a manifold in-
crease of energy dissipation compared to fibrils without mineral phase. This fibrillar toughening
mechanism increases the resistance to fracture by forming large local yield regions around crack-like
defects, a mechanism that protects the integrity of the entire structure by allowing for localized fail-
ure. As a consequence, mineralized collagen fibrils are able to tolerate micro-cracks on the order of



Fig. 19. (a) Computational result of the stress–strain response of a mineralized versus unmineralized collagen fibril, revealing
the significant effect the presence of mineral crystals in collagen fibril has on the mechanical response [42]. (b) Snapshots of the
deformation mechanisms of collagen fibrils, and (c) mineral collagen fibrils. Slip initiates at the interface between mineral
particles and tropocollagen molecules. Repeated occurrence of slip reduces the density, leading to formation of nano-scale voids.
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several hundred micrometers size without causing any macroscopic failure of the tissue, which may
be essential to enable bone remodeling. The analysis proves that adding nanoscopic small platelets
to collagen fibrils increases their Young’s modulus, yield strength as well as their fracture strength.
It is found that mineralized collagen fibrils have a Young’s modulus of 6.23 GPa (versus 4.59 GPa for
the collagen fibril), yield at a tensile strain of 6.7% (versus 5% for the collagen fibril) and feature a frac-
ture stress of 0.6 GPa (versus 0.3 GPa for the collagen fibril).

Other deformation and fracture mechanisms exist in bone at larger hierarchical levels, including
the breaking of sacrificial bonds between mineralized fibrils, the formation of microcracks, crack
bridging (via collagen fibrils arranged orthogonal to the crack), and the formation of larger plastic
zones around crack tips that contribute to an increase in bone’s overall toughness [87–89].

2.5.2. Universality and diversity in biological materials
Even though protein materials lead to vastly complex structures such as cells, organs or organisms

with very different material properties, the fundamental material buildup shows striking similarity
between seemingly very different materials. The analysis of the composition of biological materials



Fig. 20. Universality and diversity in the structure of collagen-based biological materials [119]. Beyond the fibril scale,
structural features vary significantly, here shown for bone, cornea and tendon. This analysis reveals how biological materials
with diverse properties are created through the use of universal features, a materials design paradigm that could be exploited
also for the use synthetic materials [90].
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has revealed that the underlying mechanisms of material formation that can be classified into two
major categories, universal and diverse features [90]. Some of the structural features materials are
commonly found in different tissues, that is, they are highly conserved and are classified as ‘‘uni-
versal”. Examples of such universal building blocks include the triple helical tropocollagen molecule
or the occurrence of collagen fibrils in various types of collagenous tissues (e.g., bone, tendon, and cor-
nea). In contrast, other features are highly specific to tissue types, such as particular filament assem-
blies, beta-sheet nanocrystals in spider silk or tendon fascicles [91]. Fig. 20 displays the interplay of
diversity and universality for collagen-based materials, plotted over characteristic length-scales. Uni-
versality is found predominantly at ultra-small scales, forming basic protein constituents or character-
istic assembly patterns. It has been speculated that this universality is linked to mechanical robustness
of the properties at nanoscale, a feature that is not limited to collagenous materials or bone, but that is
found in many other biological protein materials [92]. A greater diversity of structures is typically
found at larger length-scales, where it is established in the formation of particular fibril patterns
(e.g., fascicles in tendon versus Mineralized collagen fibrils in bone). Recent research provides evi-
dence that the occurrence of hierarchical structures is crucial to combine seemingly disparate proper-
ties such as high strength and high robustness, as they provide the structural basis to unify – in a
single material – both universal (=providing robustness) and highly diverse (=providing functionality).

3. De novo synthesis of bioinspired or biomicking composite materials

The attractive mechanical properties of nacre, bone and other materials have inspired the develop-
ment of a large class of biomimetic materials and organic/inorganic composites [93]. The creation of
artificial shell materials with their intricate microstructure is a challenge that requires both the design
of optimum microstructures and the development of fabrication procedures to implement these
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designs. In the following section, we describe some of the efforts at mimicking the architecture of
nacre with different fabrication methods. Other materials will be discussed subsequently, including
a bone-mimicking metal nanocomposite structure and a case study of the design of novel filaments
based on alpha-helical proteins.

3.1. Large scale ‘‘model materials”

It has been argued [94,95] that an important toughening mechanism of nacre is crack deflection
due to the presence of relatively weak interfaces between the brittle aragonite tiles. Model systems
on the macroscopic scale can utilize this toughening mechanism while circumventing the many chal-
lenges of mimicking the shell architecture at the lm level [94,95]. In this way, larger scale layered
composites with ceramic tablets held together by weak interface ‘‘glue” are able to overcome the brit-
tleness of ceramics.

Clegg et al. used thin squares tiles (50 mm � 50 mm � 200 lm) of SiC doped with boron [94]. The
tiles were coated with graphite to retain a weak interface after sintering. Under a three point bending
test, the crack is deflected along the weak interfaces, preventing catastrophic failure (Fig. 21a). The
load–deflection curve in Fig. 21b shows the load continuing to rise after initiation of crack growth. In-
creases in toughness and work of fracture by factors of 5 and 100 over monolithic SiC were reported.

Another larger scale composite system used alumina tablets (length 2–300, thickness 0.0400) for the
ceramic phase [95]. The plates were bonded with thin adhesive transfer tapes at the interfaces, which
exhibited exceeding resilience and extensive ligament formation (Fig. 21c). Fig. 21d shows the load–
deflection curves of three sets of composite beams from four point bending tests. The composites with
continuous layers and segmented layers with 82 vol % ceramic showed limited deflections before
abrupt failure. However, the composite beam with 89 vol % ceramic exhibited an extensive deflection
resulting in a toughness six times that of a monolithic alumina beam. In agreement with the above,
Fig. 21. (a) The fracture surface of a laminate composite specimen under three point bending. The role of the interface in
deflecting cracks can be clearly seen. (b) The load–deflection curve of the specimen. Crack growth begins at A, and is followed by
a rising load for further deflection till B when crack growth becomes more rapid. Reproduced with permission from [94]. (c) A
beam being deflected in bending, showing tenacious ligament formation in the adhesive between the platelets. (d) Load–
displacement curve from four point bending tests of laminated composites. Reproduced with permission from [95].
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adhesives that were too strong led to brittle failure. High volume fractions of adhesive resulted in det-
rimental mechanical properties as well. The study indicates that a resilient and extensible interphase
together with a segmented layered microstructure with an optimal ceramic volume fraction is required
to achieve maximal toughening. However, due to the limited number of samples in the study, quan-
titative conclusions regarding the role of adhesive and layer segmentation in the crack deflection and
bridging process have not been reported.

The toughening achieved by crack deflection in these macroscopic composites, however, is quite
limited compared to that seen in nacre, which indicates that other mechanisms such as tablet locking
and damage spreading plays an important role in the high toughness of nacre. Based on the deforma-
tion mechanisms identified by us (see Section 2), we designed a synthetic material with the micro-
structure shown in Fig. 22a. The design is directly inspired from the key features we identified from
the microstructure of nacre: Tablets arranged in columns with some overlap, and tablet waviness
(which are translated into dovetail-like locking features at the ends of the tablets, Fig. 22a). The
mechanical response of this periodic composite was examined using an RVE defined by several
non-dimensional geometric parameters: core length Lc/t, overlap length Lo/t, dovetail angle h interface
thickness h/t, and bridge diameter bd/t (four cylindrical bridges, not shown in the figure, were placed in
the core region). By performing detailed finite element analyses [96], we investigated deformation and
failure modes of a composite material consisting of ABS for the tablets (a common rapid prototyping
material) and BGEBA epoxy for the filler. Bounds in the design space defining the geometry of the
microstructure were identified such that failure would result from tablet sliding, its spatial spreading,
and finally tablet pullout rather than premature tablet fracture or localized cracking.

Based on the identified bounds, the composite material shown in Fig. 23 was designed, manufac-
tured and tested. The measured stress–strain behavior (Fig. 22b) begins with an elastic response fol-
lowed by tablet sliding when the strain exceeds approximately 1.3% (point A in Fig. 22b). Upon
monotonic increases in prescribed displacement, sliding in the overlap region progresses even with
a small drop in stress until failure occurs at about 2.3% strain (point F in Fig. 22b). Interestingly, a mild
softening stage is followed by a hardening stage, beyond point C, until failure. The failure is trigger by
fracture of the dovetail on a boundary tablet. Softening followed by hardening was also predicted by
finite element analyses of the synthetic material [96]. Moreover, these simulations, based on periodic
boundary conditions, reveal that larger samples would be able to exploit the full hardening phase and
fail at much larger strains [96].

Digital image correlation of a sequence of images captured with a CCD camera and a macro lens
(Fig. 23a) reveals that tablet sliding occurs at multiple locations. The phenomenon is clearly observed
in a plot of displacement as a function of position along the sample at five levels of strain, Fig. 23b. At
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Fig. 22. (a) Microstructure of a synthetic material with wavy interfaces achieved by means of tablets with dove-tail morphology
(top). RVE with characteristic dimensions (bottom). (b) Stress–strain behavior of a synthetic nacre made by rapid prototyping.
Inelastic deformation, associate to tablet sliding and damage spreading, is observed prior to fracture.



Fig. 23. (a) Sequence of images, at two regions of the sample, showing tablet sliding and spreading. (b) Displacement versus
position plots as a function of deformation obtained from digital image correlation of images shown in (a).
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state A, the deformation is homogeneous and consequently, the slope in the displacement-position
curve is constant along the length of the sample. By contrast, at later deformation states, tablet sliding
at four overlap regions are revealed by local changes in slope (Fig. 23b). These results confirm the role
of tablet waviness on the capability of the composite to spread damage and consequently maximize
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energy dissipation. As such they constitute the first demonstration of nacre-like behavior, i.e., damage
spreading under a macroscopic homogeneous tensile deformation field. We have also performed tests
on samples with geometries outside the identified bounds [96] and confirmed premature failure by
tablet fracture just beyond the initial elastic response.
3.2. Ice templation

A novel method to develop layered-hybrid materials was developed by Deville et al. by utilizing the
physics of ice formation [97]. By freezing concentrated suspensions containing ceramic particles using
precisely controlled freezing kinetics, a homogenous, layered, porous scaffold could be built. The por-
ous scaffolds were then filled with a second phase, either organic or inorganic, to fabricate dense lay-
ered composites.

The freeze-casting process involves the controlled unidirectional freezing of ceramic suspensions.
While the ceramic slurry is freezing, the growing ice crystals expel the ceramic particles, causing them
to concentrate in the space between the ice crystals (Fig. 24). The ice is then sublimated by freeze dry-
ing, leaving a ceramic scaffold with parallel layers as thin as 1 lm (Fig. 25a). The ceramic layers are
quite homogeneous, and display a degree of segmentation. Interestingly, the process leads to sponta-
neous surface roughness and ceramic bridges between layers due to trapped particles between the ice
dendrites, mimicking the asperities and mineral bridges of nacre. Note that a feature identified as key
in the mechanics of nacre, conformal tablet waviness [19,43,50], is not present in the resulting
scaffolds.

These porous scaffolds can be filled with a second phase, such as epoxy or Al–Si, to fabricate dense
composites. The resulting layered composite structure exhibited extensive crack deflection due to
delamination of the layers, leading to increased toughness. The fracture path of Fig. 25c clearly indi-
cates the tortuous crack path around the ceramic phase, resulting in a ‘‘tablet-pullout” failure mode.
However, the reported toughness of Alumina/Al–Si composite is about 5.5 MPa m1/2; compared with
the fracture toughness of aluminum oxide usually in the range of 3–5 MPa m1/2, the increase in tough-
ness is quite modest, possibly due to the overly weak interface. When the interface was modified by
adding a small amount of Ti to the aluminum alloy, the fracture toughness was further increased to
10 MPa m1/2. More recently, aluminum oxide and polymethyl methacrylate structures were made
with toughness as high as 30 MPa m1/2 [98]. The ice templation process allows a measure of control
over the morphology of the inorganic layers and the chemistry of the interface, however, the attained
volume fraction of the ceramic phase is low (about 45%) compared to nacre and control of morpholog-
ical features such as tablet waviness have not been realized. In this sense, toughness improvements
Fig. 24. Processing principles for ice templation. While the ceramic slurry is freezing, the growing ice crystals expel the ceramic
particles, creating a lamellar microstructure oriented parallel to the direction of the freezing front. A small fraction of particles
are entrapped within the ice crystals by tip splitting, leading to the formation of inorganic bridges and roughness on the walls.
Reproduced with permission from [97].



Fig. 25. (a) The layered microstructure of the IT dense composite (alumina–Al–Si composite). (b) The particles entrapped
between the ice dendrites generate a characteristic roughness on the lamellar surface that mimics that of nacre. (c) Extensive
crack deflection at the interface leads to tortuous crack paths. Scale bars are (a) 300 lm, (b) 10 lm, and (c) 100 lm. Reproduced
with permission from [97].
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are the result of mechanisms different to those observed in mollusk shells and much less well defined
and quantified from a micromechanics viewpoint.

3.3. Layer-by-layer deposition

A more conventional approach is sequential deposition, or layer-by-layer assembly, which has been
widely used to fabricate multilayered composites inspired by nacre. Several such efforts include the
fabrication of multilayers of alternating hard and soft components, TiN/Pt, with an ion beam sputter-
ing system, [99] and composites based on calcium carbonate (which is the mineral component of
nacre in its aragonite phase [100,101]) through repeated calcium carbonate crystallization onto a film
of charged molecules. Although improved hardness and toughness were reported for the TiN/Pt com-
posite, [99] as with the self-assembly process, the composites formed via sequential deposition lack a
segmented layered microstructure.

This limitation was overcome by Tang et al. [102] by layering Montmorillonite (MTM) clay tablets
(C) and PDDA polyelectrolytes (P), by sequential adsorption. The process consists of P-adsorption, rins-
ing, C-adsorption, and rinsing; repeating this process n times results in the (P/C)n multilayers. The
thickness of each clay platelet is 0.9 nm, and a multilayer with n = 100 has a thickness of 2.4 lm, three
orders of magnitude smaller than the characteristic dimensions of nacre.

Strong attractive electrostatic and van der Waals interactions exist between the negatively charged
clay tablets and positive polyelectrolytes; these forces orient the clay platelets parallel to the surface
which results in a high degree of ordering of the microstructure with the clay sheets strongly overlap-
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ping each other, as seen in Fig. 26. Note that the material microstructure exhibits layer waviness, but
in contrast to nacre it appears somewhat random and uncontrollable during manufacturing.

Although the segmented layered composite structure is characteristic of that in nacre, the deforma-
tion behavior is quite different from that of nacre as can be seen from Figs. 7a and 27a. The layered
composites displayed an abrupt hardening after an initial plastic deformation, due to the sacrificial
noncovalent bonds of the PDDA molecules. The initial low stiffness region of e < 0.05 is due to the dis-
ruption of the weak short-range van der Waals interactions in the initial tightly coiled configuration
(Fig. 27c), after which hardening occurs as the stronger P–C ionic bonds are broken as the clay platelets
slide over each other. The saw-tooth elasticity profiles of the macromolcules in Fig. 27b mimic those
seen in nacre; [20] however, the passive role of the clay in deformation compared to that of the tablets
in nacre leads to the difference in the macroscopic behavior.

Significant increases in stiffness and strength compared to the polymer phase is achieved, with the
multilayers exhibiting high ultimate tensile properties of ru = 100 MPa and eu = 0.08. However, the
Fig. 27. (a) Stress–strain curves of free standing films (P/C)50, (P/C)100, (P/C)200, and (P/C)100 ion exchanged with Ca2+ ions. (b)
The derivatives of the stretching curve revealing the saw-tooth pattern. (c) Polyelectrolyte folding and P–C ion pair formation.
Reproduced with permission from [102].

Fig. 26. The microscopic structure of the (P/C)n multilayers. (a) Phase-contrast AFM image of a (P/C)1 film. The arrows mark the
overlap of clay platelets. (b) A schematic of the (P/C)n structure. Note that n describes the number of deposition cycles rather
than the number of layers, since several C–P layers may be deposited in each cycle. The thickness of each clay platelet is 0.9 nm.
(c) SEM image of an edge of a (P/C)100 film. Reproduced with permission from [102].



1090 H.D. Espinosa et al. / Progress in Materials Science 54 (2009) 1059–1100
improvement does not quite reach the expected theoretical strength of reinforced polymers [103]. In
addition, the reliance on the strong attraction between the constituents limits the application of the
method to a narrow range of materials.

In order to improve the load transfer from the polymer to clay tablets, thereby improving the
mechanical properties of the composite, Podsiadlo et al. turned to tailoring the platelet-matrix inter-
face chemistry [103,104]. Use of polymers that form stronger bonds with clay, such as DOPA (L-3,4-
dihydroxyphenylalanine), which exhibit strong binding to clay as well as strong self-crosslinking in
the presence of Fe3+, and poly(vinyl alcohol) (PVA), which forms epitaxial hydrogen bonds and cyclic
crosslinking to Al atoms on the MTM clay surface, resulted in dramatic increases in strength and stiff-
ness as well as toughness. However, the increased stiffness of the matrix led to a decrease in the failure
strain and brittle fracture at the same time. Further modification of the interface chemistry and cor-
responding further increases in strength and stiffness could be achieved by glutaraldehyde (GA) treat-
ment, a crosslinking agent for PVA.

The LBL deposition method was also used by Bonderer et al. [105] to fabricate alumina–chitosan
films, reinforcing the ductile chitosan polymer with the strong but brittle alumina platelets. By using
alumina platelets rather than clay, the aspect ratio of the platelets could be optimized to maximize the
load transfer while avoiding platelet fracture, according to the classic composite shear lag load trans-
fer model. This favors a fracture mechanism by platelet pullout and matrix shear rather than platelet
fracture, as seen in nacre.

The submicrometer-sized platelets, with a thickness comparable to that of nacre, could be strongly
aligned and evenly dispersed in the chitosan matrix for up to 20% volume fraction, as seen in Fig. 28a.
Note that this volume fraction is several folds smaller than that in nacre (�95%) resulting in a material
with deformation mechanisms also very different. The mechanical properties of the composite under
tensile loading exhibit significant increases in the stiffness and strength compared to the chitosan ma-
trix, while retaining the plasticity of the chitosan (Figs. 27b). This indicates extensive shear deforma-
tion of the matrix before platelet pullout, due to the strong interface bonding.

Despite the combined strength and toughness exhibited by the alumina–chitosan films, the low
inorganic volume fraction that could be achieved with the alumina–chitosan films means that the
toughening arises mainly from the plasticity of the matrix, and is therefore limited compared to nacre.
To realize the full potential of nacre-inspired composites, specifically the orders of magnitude increase
in toughness, the contributions from the small length scale features of nacre, namely the close-packed
tablets, and the nanostructure of the tablets such as mineral bridges and tablet waviness need to be
captured. The high degree of control that this requires over the fabrication and arrangement of the
composite microstructure still remains a highly challenging goal.
Fig. 28. (a) The microstructure of alumina–chitosan film for Vp = 0.11. (b) The tensile stress–strain curves for alumina–chitosan
films with Vp up to 0.15. Vp = volume fraction of alumina. Reproduced with permission from [105]. 2008 AAAS.



H.D. Espinosa et al. / Progress in Materials Science 54 (2009) 1059–1100 1091
3.4. Thin film deposition: microfabricated structures

While a lot of effort has been put into reproducing the layered structure of nacre, an attempt was
made recently to mimic the crossed-lamellar microstructure of the Queen conch (Strombus gigas),
using MEMS (microelectro-mechanical systems) fabrication processes [106]. The conch shell has a log-
arithmic spiral shape, and exhibits the highest level of structural organization among mollusc shells.
The shell has a particularly high ceramic content of 99 wt %, composed of lath-like aragonite crystals
arranged in a crossed-lamellar or ceramic ‘‘plywood” structure (Fig. 29). While nacre with the brick
and mortar microstructure exhibits the highest tensile and compressive strengths among the various
mollusc shell micro-architectures, the crossed lamellar structure is associated with the highest frac-
ture toughness [106–108].

Polysilicon and photoresist were chosen as substitutes for aragonite and the organic matrix, and
the microstructure was fabricated as a stack of three consecutively deposited films, as shown in
Fig. 30. Each film is an approximation of the inner (or outer) and middle layers of the S. gigas shell;
the lower half represents the inner layer with vertical interfaces, while the top half represents the
middle layer with the interfaces oriented at ±45� to the horizontal. The films are deposited so that
the angled interfaces are oriented in alternating directions designed to make the middle layer tougher
than the inner layer.

The fabrication makes use of standard MEMS processing technology, repeating the deposition of a
thin silicon film (�2 lm) on which trenches for the interfaces are etched out with RIE (reactive ion
etching), which are in turn filled with photoresist. The use of MEMS processing enables a high degree
of control over the morphology and the fabrication of large numbers of specimens, however at the ex-
pense of speed and cost. Results of mechanical tests performed as shown in Fig. 31, indicated that the
micro-composite possesses significant ductility and toughness compared to monolithic silicon, with
an estimated increase in energy dissipation of 36 times that for silicon. However, the energy-dissipa-
tion mechanisms were slightly different from those of the mollusc shell. Rather than the multiple tun-
nel cracking seen in the S. gigas shells, the micro-composite showed extensive delamination between
Fig. 29. Micro-architecture of the shell of S. gigas. (a) A schematic drawing of the crossed lamellar structure, with characteristic
dimensions of the three lamellar orders. (b), (c) and (d) SEM images of the fracture surface of a bend specimen at increasing
magnification. Reproduced with permission from [106,107].



Fig. 30. Top view of designed structural geometry: (a) first and third film and (b) second film in the three-film stack.
Dimensions are in lm. Reproduced with permission from [106].

Fig. 31. Schematic illustration of a mechanical test. The load was applied in the lateral direction with a punch with a flat tip
equipped with a lateral displacement transducer. Reproduced with permission from [106].
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the three stacks. This could be due to the fact that the ratio of thickness of the interface (2 lm) to
thickness of the lamellae (4 lm) is much larger than what is found in the structure of the conch shell.
However, the bridged cracks along the ±45� interfaces in the middle layer were similar to those seen in
the Queen conch shells, and the micro-composite demonstrated a significant increase in strength and
work of fracture, indicating that this processing technology may be a promising method for the fab-
rication of artificial nacre-inspired composites, although difficult to scale to sizes of interest in engi-
neering applications.

3.5. Self-assembly

An approach that aims to mimic not only the properties but also the processing of bioceramics is
the method of self-assembly. Biomineralization involves a high degree of control over the spatial
regulation of nucleation and growth of the mineral as well as the development of microarchitecture
during formation. In addition, this process occurs at low-temperature in an aqueous environment
from raw materials that are readily available in nature. A materials processing method that is able
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to achieve such stringent control and ease of fabrication but at a faster rate than what is often found in
nature is the ambitious goal of biomimetic materials processing.

The control of mineral nucleation and growth has been attempted with some success by providing
a synthetic surface for nucleation. Self-assembling monolayer films and amphiphilic structures can be
used to form periodic templates that influence the nucleation of ceramic phases, by varying the inter-
face chemistry that provides a way to control the nucleation site densities. [109] However, these
lacked control over the growth and ordering of the mineral phase, as well as limitations in forming
multi-layered structures.

The ability to form well ordered multilayered organic/inorganic structures through self-assembly
was demonstrated by Brinker and coworkers, [110] who devised an assembly process for a (PDM)/sil-
ica nanocomposite based on a simple dip-coating procedure. Starting from a homogenous solution of
soluble silicates, surfactants, organic monomers and initiators in ethanol/water solvent, it makes use
of evaporation-induced partitioning and cooperative assembly of silica-surfactant-monomer species
into organized laminated structures. During dip-coating, preferential evaporation of ethanol progres-
sively enriches the concentrations of monomer(s) and promotes partitioning of monomers and
initiators into the surfactant micelles, and further, the cooperative assembly of the silica–surfac-
tant–monomer micellar species into a laminated structure of organic and inorganic layers. More
recently, this approach has also been used by Zhang et al. to form poly(tripropylene glycol diacry-
late)/indium–tin–oxide nanocomposites, using the semiconductor indium–tin–oxide rather than silica
as the inorganic phase [111].

A big drawback of these composites fabricated via self-assembly is the inability to form segmented
layers. Segmented layered microstructure, as seen in the previous section, is a key feature in the
microstructure of nacre. The segmentation allows extensive crack deflection and sliding of tablets
without fracture of the ceramic phase, thus dramatically increasing the toughness of the material.
These composites do not display the microstructural characteristics of nacre beyond the layered or-
ganic/inorganic structure, and the mechanical properties and deformation behavior of the laminated
composites have not been investigated.

3.6. Computational design of bioinspired materials

Computer simulation can be effectively used as a tool to aid the development of bioinspired mate-
rials. Here we provide a review of two simulation studies that have led to insight into the relationship
between structure and material properties (specifically for materials failure). The first case study is the
design of a metallic nanocomposite; the second case study is the analysis of hierarchical structures
composed of alpha-helical protein domains.

3.6.1. Bone-inspired metallic nanocomposite
The nanostructural motif of bone and the concept of hierarchical arrangement can be transferred

to conventional metal–metal or metal–ceramic nano-composites. Such materials would be light-
weight, very strong and provide high energy dissipation under deformation. A study of the appli-
cability and transferability of the key design concepts that provide bone with its strength and
toughness could for instance be achieved through computational design experiments carried out
via molecular dynamics simulation. The use of molecular dynamics provides a detailed description
of the atomistic deformation processes under loading at the nanoscale and may serve as a tool to
enable the nanoengineering of hierarchical bioinspired materials, using a fundamental bottom-up
approach.

A model nanocomposite material based on the design of bone has been studied using a Ni–Al
nanostructure and an EAM alloy potential. This approach has been used to develop a composite
structure that features a maximized flow stress (results shown in Fig. 32, where the nanocomposite
design is shown in the left part and the resulting flow stress for various geometries is shown on the
right) [112]. The Ni–Al nanostructure, in which Ni represents the harder metal, represents platelet
reinforcements embedded in a soft Al matrix. Systematic large-scale molecular dynamics studies of
size variations have shown the existence of a ‘‘strongest size” for the platelet size on flow strength
under tensile loading [112]. The dominant contribution to plasticity switches over from interfacial



Fig. 32. Size dependence of the average flow stress (=strength) of a bioinspired metallic nanocomposite, illustrating the concept
of a ‘‘strongest size” at a characteristic length-scale of material nanostructure [112]. The increase in strength scales very well
according to the Hall–Petch (HP) relationship, and the reduction of strength at small building block sizes below approximately
50 nm represents an inverse Hall–Petch regime (IHP). The left part of the figure depicts the geometry of the biomicking
structure of the metal nanocomposite; the results on the right display the flow stress as a function of characteristic dimension of
the nanostructural arrangement.
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sliding and bulk plasticity at this length-scale [112], an effect that has also been studied in single
crystal analyses of metal plasticity [113].
3.6.2. Hierarchical alpha-helix based protein filaments
We review the results of another computational study, where the robustness-strength performance

of alpha-helical proteins was investigated [114,115]. This study showed that with different structural
arrangements, different combinations of strength and robustness can be achieved, without the use of
additional material, through the combination of size-effects and hierarchical arrangement. The key
questions addressed here are: (1) How can mechanically weak structural elements such as H-bonds
provide the basis to strong materials? (2) What role do hierarchical structures play in providing over-
all mechanical properties of a material, here a protein filament? This study is of broad significance,
since H-bonds are universal features of many biological materials, including spider silk, nacre (in
the biopolymer phase), muscle tissue or amyloids.

We first address the question of mechanical strength of H-bonds. Fig. 33a shows the shear strength
of clusters of H-bonds as a function of the size of the strand, showing a peak maximum shear strength
of close to 200 MPa at a critical cluster size of 3–4 H-bonds [116]. This result illustrates that by utiliz-
ing a size effect, the fundamental limitation of H-bonds (which are mechanically weak) can be over-
come. The occurrence of a strength peak at this characteristic dimension provides a possible
explanation for several protein constituents, all of which display cluster of H-bonds at a similar size.
Fig. 33b shows the geometry of a single alpha-helix, composed of three H-bonds per turn, correspond-
ing to the peak of the scaling shown in Fig. 32a.

We continue now with a study of how the performance in the strength-robustness domain changes
if several alpha-helices (each of which at the optimal scale for maximum strength) are assembled in
different hierarchical patterns, as shown schematically in the plot (for eight alpha-helices). In this
analysis, the concept of robustness is defined as flaw tolerance; it is defined as the strength of an intact
filament divided by the strength of a filament in which one element is missing at the smallest level.
Fig. 33c depicts results for eight subelements in the protein filament (note that the definition of subel-
ements and their arrangement are those shown in Fig. 33b). The analysis shows that even though no
additional material is used, the mechanical performance changes significantly as the hierarchical
arrangement is varied. Fig. 33d depicts results for a much larger number of elements (16,384) in
the protein filament [114,115]. An analysis of the distribution of structures and their performance
shows that most data points (>98%) in (c) fall onto a curve referred to as the banana-curve (where



Fig. 33. Size effect and strength-robustness relation for alpha-helical protein filaments, composed out of clusters of H-bonds:
(a) shows the shear strength of clusters of H-bonds as a function of the size of the strand, showing a peak maximum shear
strength of close to 200 MPa at a critical cluster size of 3–4 H-bonds. By utilizing a size effect, the fundamental limitation of H-
bonds of being mechanically weak can be overcome [116,119]; (b) shows the geometry of a single alpha-helix, composed of
three H-bonds per turn. We study how the performance in the strength-robustness domain changes if several alpha-helices are
assembled in different hierarchical patterns, as shown schematically in the plot (for eight alpha-helices); (c) depicts results for
eight subelements in the protein filament. The definition of subelements and their arrangement are those shown in (b); (d)
depicts results for 16,384 subelements in the protein filament [114,115]. An analysis of the distribution of structures and their
performance shows that most data points (>98%) in (d) fall onto the banana-curve. Only less than 2% of all structures lead to
high strength and high robustness. This analysis shows how high-performance materials can be made out of relatively weak
constituents such as alpha-helices that are bonded by mechanically inferior H-bonds [114–116,118,119].
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strength and robustness are exclusive properties). Only less than 2% of all structures lead to high
strength and high robustness. This analysis shows how high-performance materials can be made
out of relatively weak constituents such as alpha-helices that are bonded by mechanically inferior
H-bonds, by arranging them into very specific hierarchical patterns.

The resulting robustness-strength plots suggest a similar behavior as that found in many biological
materials (see Fig. 1b). The use of hierarchies represents an additional design variable that enables us
to overcome the disparity between strength and robustness. At the same material use, hierarchical
structures are capable of combing high strength and high robustness, referred to as the inverse behav-
ior. Hierarchies may be the key to enable the type of material performance as seen in biological struc-
tures. The particular type of hierarchical structure matters. For a large number of constitutive
elements (16,384) most ‘‘random” hierarchical structures fall onto the so-called banana curve on
which strength and robustness remain exclusive. Only less than 2% of all structures provide the in-
verse behavior. This distribution of performance characteristics for a large number of elements may
explain why most engineered materials show a poor performance of strength and robustness. Most
randomly picked arrangements fall on the banana curve. Up until now, the hierarchical nanostructural
geometries have not yet been utilized for most engineering applications (e.g., materials design). Our
results show that very specific geometries are required to achieve superior performance. Biological



Fig. 34. Merger of structure and material in engineering design [117]. The long term impact of studying the structural makeup
and properties of biological materials is that it could extend our ability to perform structural engineering at macroscale, to the
ultimate scale, the nanoscale. Opening the structural material scale as design space for new material development may open
great possibilities for development of robust, adaptive, active and smart materials.
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materials may have achieved these particular structures through evolutionary adaptation of hierarchi-
cal structures. It suggests that biology has long implemented the efficient use of hierarchy as a mate-
rials ‘‘design” variable and established highly adapted geometries. This analysis further shows how
high-performance materials can be made out of relatively weak constituents such as alpha-helices
that are bonded by mechanically inferior H-bonds. Many biological materials may have developed un-
der evolutionary pressure to yield materials with multiple objectives, such as high strength and high
robustness, a trait that can be achieved by utilization of hierarchical structures. The use of these con-
cepts may enable the development of self-assembled de novo bioinspired nanomaterials based on pep-
tide and protein building blocks.

4. Conclusions and outlook

Much progress has been made in characterizing the structure and mechanical properties of mollusc
shells and other biological materials such as bone. However, a number of issues remain unresolved. In
particular, the specific roles of nanograins, mineral bridges and nanoasperities in nacre needs further
investigation. Likewise, general constitutive laws for these materials along various loading paths are
currently unavailable. Furthermore, a general acceptance within the community as to which micro/
nanostructural features are essential to the material performance and which ones are less relevant
needs to be achieved. The joint application of experiment and theoretical simulation approaches
might play a crucial role in advancing our understanding towards that end.

An important overarching feature of biological materials is that they feature an array of size effects,
observed at distinct length-scales. Such size effects may play a crucial role in overcoming the intrinsic
inferiority of the building blocks of many biological materials, as shown for instance for clusters of
H-bonds (see Fig. 33a). Hierarchies are used to bridge the properties of these clusters to larger
length-scales, and to create biological materials that unify disparate properties (such as strength
and robustness). This has been shown in Fig. 33c and d. Thus length-effects and hierarchical effects
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are closely linked together, and their joint investigation must drive further analysis of all biological
materials. Whereas the analysis of biological material is promising, its impact in the design of new
materials remains to be seen. Some preliminary studies have been reviewed in Section 3, where the
use of experimental and computational methods has been reviewed.

Over the last centuries, engineers have developed quantitative analytic and synthetic understand-
ing of how to create complex structures out of a diverse range of constituents, at various scales
(machines, buildings, airplanes, nuclear reactors and many others). Research in the area of material
properties of biological materials will extend our ability to carry out structural engineering, as used
for buildings or bridges today, to the ultimate scale – nanoscale, and may be a vital component of
the realization of nanotechnology through the merger of material and structure [117] (Fig. 34). The
merits of polymers, membranes and other nanostructures could not be utilized sufficiently unless
the signal or motion at atomistic scale can be represented though macroscopic functions. Materiomics,
the systematic analysis of biological materials within the materials science paradigm [118,119], may
provide a new approach in engineering to create materials that have low impact on environment and
energy utilization but are highly effective and functional (e.g., mechanomutable, thermomutable, con-
trollable, changeable, etc.).

The reader will note that our review provides some perspective on the important issue of under-
standing these important mechanisms. Furthermore, some consensus as to what materials and perfor-
mances constitute biomimicking of mollusc shells is needed. We propose two metrics: (i) materials
that exhibit similar improvements in toughness when compared to their constituents; (ii) materials
that exhibit similar deformation mechanisms leading to damage spreading and generation of process
zones millimeters in size. In the absence of such consensus, a risk of labeling new materials as mollusc
shell-liked materials, which may have been inspired by them but that do not meet suitable perfor-
mance metrics, will continue to be reported in the literature. Such trend is undesirable and should
be avoided to eliminate confusion and/or misunderstandings that detract from the biomimicking
goals.

Advances in in situ microscopy experiments along with detailed multiscale modeling (as discussed
in Section 1.2) have the potential to facilitate and enhance our understanding of the relationship be-
tween material microstructure and mechanical properties. Likewise, creative and innovative methods
for the manufacturing of artificial shell materials are emerging. However, much work remains to be
done in order to obtain morphological and chemical control at interfaces, which is required to achieve
the performance exhibited by mollusc shells. One lesson from studying these materials is that the
desirable inelastic deformation mechanisms are the result of complex synergies between the constit-
uents and the hierarchy of structural features. Therefore, successful biomimicking of mollusc shells will
require optimum selection of constituent materials and cost effective scalable manufacturing ap-
proaches capable of reproducing essential microstructural features. It is anticipated that experiments
and modeling will continue to be vital in addressing this challenge.
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